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URDJUMOV and Maksimova reported experi- 
ments with manganese steels and high carbon 
steels’ and with an Fe-Ni-Mn alloy*® in which mar- 
tensite was formed isothermally over a range of 
temperatures. They found in some cases that mar- 
tensite formation could be suppressed by rapid 
quenching to liquid nitrogen temperature. From 
their microstructural observations of martensite 
formed isothermally, they concluded that the rate 
controlling step is nucleation rather than growth. 

Kulin and Cohen,’ in an attempt to reproduce 
these experiments, found that with a steel having 
the same composition as that reported by Kurd- 
jumov and Maksimova, the transformation to mar- 
tensite was essentially complete above the tempera- 
ture range of Kurdjumov and Maksimova’s iso- 
therms. The possible reasons for this disagreement 
were not considered. 

Recent papers by Das Gupta and Lement’ and 
Kulin and Speich report the formation of isothermal 
martensite in a high chromium steel and in an Fe- 
Cr-Ni alloy, but neither paper can be considered a 
verification of the original Kurdjumov and Mak- 
simova results. Further, in neither case were the 
authors able to suppress the formation of martensite 
entirely. 

Because of the important bearing the Kurdjumov 
and Maksimova results have to an understanding of 
the mechanism of martensite reactions it was felt 
that an experimental investigation directly con- 
cerned with checking the validity of their results 
was in order. This paper describes the results ob- 
tained on the isothermal transformation over the 
temperature range from —79° to —196°C of an alloy 
of iron, nickel, and manganese. 


Experimental Apparatus 

A 15 lb heat of an alloy containing 73.3 pct Fe, 
23.0 pet Ni, and 3.7 pet Mn was melted by induction 
and cast under argon. The ingot was forged to 1-in. 
bar and a portion rolled to 1/16x142-in. strip. This 
strip was pack-homogenized 300 hr at 1100° in a 
helium-filled sealed iron tube. The composition after 
homogenization was 73.2 pct Fe, 22.94 pct Ni, 3.73 
pet Mn, 0.05 pet C, and 0.015 pet N. The strips were 
cut to ‘%-in. width for dilatometer and metal- 
lographic specimens. Only the center portion of the 
1!2-in. strip was used in the present investigation. 

The dilatometer emploved was similar in design to 
one described by Flinn, Cook, and Fellows." A con- 
centric fused quartz rod and tube assembly with 
hooks for holding the specimen was mounted so as 
to transmit the specimen dilation to a 1/10,000 in., 
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1/10 in. travel dial gage. The dilatometer proper 
was mounted by means of extension arms to a 
counterweighted sliding member on a vertical stan- 
dard. This method of mounting permitted rapid 
transfer of the dilatometer from the austenitizing 
furnace to the quenching bath and low temperature 
chamber. A small electrical vibrator on the dila- 
tometer kept frictional effects of the quartz members 
at a minimum. 

The austenitizing unit was a vertical, molybde- 
num-wound, hydrogen atmosphere furnace main- 
tained at a constant temperature +3°C by means of 
constant power input. A 12-in. stainless steel jack- 
eted copper liner having '%-in wall thickness acted 
to equalize the temperature in the hot zone of the 
furnace. This liner, closed at the bottom end and 
open at the top to permit entrance of the dilatometer 
and specimen, was kept filled with dry nitrogen gas. 
A chromel-alumel thermocouple was placed inside 
the tube to determine the temperature. The 4-in. 
dilatometer specimens in the chamber varied less 
than 42° across the specimen length except for a 
142° drop at the end nearest the open end of the 
furnace. 

The low temperature isothermal holding bath was 
a double Dewar arrangement similar to one de- 
scribed by Turnbull’. The outer bath was filled with 
a refrigerant at a temperature lower than the de- 
sired holding temperature. The inner bath was filled 
with Freon “11” or “12” or a mixture of both, de- 
pending upon the holding temperature. This inner 
bath which tended to be cooled by the outer bath 
was kept at a constant temperature by introducing 
a small amount of heat with a manually controlled 
electric heater. Stirring was accomplished by bub- 
bling dry air through the bath. A Leeds and North- 
rup type K potentiometer was used to measure the 
inner bath temperature as indicated by a five ele- 
ment copper-constantan thermopile. The bath tem- 
perature was maintained within +0.2°C of the de- 
sired temperature by occasionally adjusting the 
heater current so as to keep the Leeds and Northrup 
galvanometer at zero deflection with a constant set- 
ting of the potentiometer. Isothermal tests were 
usually continued for 300 to 400 min and another 
reading made at approximately 1000 min if the 
bath, unattended overnight, had not deviated in 
temperature more than 5 C. Transformation curves 
are drawn dashed (Fig. 1) through the time region 
where temperature was not controlled precisely. 


Experimental Procedure 

Dilatometer specimens of 1/2x1/16-in. strip were 
cut to 4'%-in. length and holes were drilled for the 
quartz hooks with proper spacing to give a 4-in. 
measured length. A thermocouple consisting of 
0.012-in. diameter chromel and alumel wires was 
spot welded to the specimen and threaded between 
the dilatometer rods to binding posts near the dial 
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Fig. 1—Isotherms for mar- 
tensite formation in Fe-Ni- 
Mn alloy. 
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ISOTHERMAL HOLDING TIME (t+! MIN) 
gage. A new thermocouple was used for each tensite. However, a significant amount (2 to 5 pct) 
specimen, could be formed by warming slowly from —196°C 
Specimens were austenitized 2 hr at 940°C, in alr instead of up-quenching. 

quenched into icewater and held 10 sec, rinsed in The major factor influencing the amount of mar- 


alcohol near 0°C for 20 sec, and quenched into the 
Freon holding vessel. A self-balancing photoelectric 
potentiometer connecting the specimen thermocouple 
produced a temperature time record of the quench. 
Dial gage readings of the specimen length were be- 
gun as the specimen approached the holding tem- 
perature and continued as a function of time of 
holding. The specimen length through a 
minimum as its temperature approached that of the 
bath and martensite forming isothermally caused a 
volume increase equal to that of thermal contraction 
The time at which this minimum occurred was taken 
to be the initial time at transformation temperature, 
and the specimen length at this time to be the initial 
length. The martensite formed from isothermal- 
type transformation during the slow approach to the 
holding temperature was determined separately as is 
described later 


passed 


Isothermal transformation runs were made at 
79°, 100°, 120, 125”, 128°, 140 , 
150°, 159°, and 196 C. Each isotherm was re- 


peated three times, in some cases using three different 
specimens and in others with the same specimen re- 


austenitized. Isotherms were reproducible within 2 
pet except at 79°, —90°, and —-196 C, where re- 
producibility was 3 to 4 pet. The austenite mean 


grain diameter of 0.325 mm resulting from the high 
temperature homogenization did not change even 
after repeated transformation and re-austenitization 
of the specimen. 

The amount of martensite present at the time the 
specimen had reached the holding temperature was 
determined by quenching separate specimens, in the 
same manner as the dilation specimens, up-quench- 
ing into warm water at the time corresponding to 
the initial dilation reading and examining metallo- 
graphically. The amount of martensite formed on 
cooling a number of specimens in this manner is 
listed in Table I. The scatter was quite large both 
between specimens and in different areas of the 
same specimen. Specimens cooled to —196°C were 
entirely free of martensite with the exception of a 
few regions containing a fraction of 1 pct of mar- 
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tensite in the specimens listed in Table I is believed 
to be the period of time in cooling and reheating 
during which the specimen temperature was in the 
region of rapid transformation. For specimens 
cooled to —100° to —159°C this time was about 15 to 
30 sec depending upon bath composition, bath 
temperature, and surface condition of specimen. For 
specimens quenched in liquid nitrogen the time was 
3 sec. 

The data in terms of specimen length change as a 
function of time at constant temperature were con- 
verted to the percentage of martensite formed as a 
function of time by up-quenching a specimen at the 
end of the test and determining through metallo- 
graphic lineal analysis the total amount of marten- 
site present. Each specimen was sectioned at two 
points and the martensite determined on each sec- 
tion. The amount of martensite formed on cooling 
to the temperature of holding, Table I, was sub- 
tracted from the total to obtain the isothermal 
martensite percentage. The total isothermal length 
change of that specimen was divided into the iso- 
thermal martensite percentage in order to determine 
the percentage of martensite formed per unit length 
expansion. This calibration was applied to all dila- 
tometer specimens having reproducible dilation 
curves. A distribution curve of the number of speci- 
mens vs martensite-length change calibration value 


Table || Martensite Formed During Approach to the 
Holding Temperature 
Transformation Initial 


Temperature, °C Martensite, Pct 


79 0 

90 0 

100 0.5-1.5 
111 10-2.0 
120 1.0-3.0 
125 1.0-3.0 
128 1.0-3.0 
140 1.0-3.0 
150 1.0-3.0 
159 1.0-3.0 
196 0 -05 
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was determined, The curve was normal indicating 
a randomness of errors. The value of the mean was 
found to be 7.4 pet martensite per 0.001 in. per in. 
linear isothermal expansion. The probable error of 
the mean was +0.1 pet martensite corresponding to 
an error in calibration of 11/3 pet. The change in 
calibration factor due to variation of specific volume 
change with temperature was calculated from the 
thermal expansion in the region of —70°C of a fully 
austenitic specimen and a specimen containing 45 pct 
martensite. It was found that the error introduced in 
the temperature region of the isotherms was much 
less than the 1 1/3 pet error of the mean. Further, it 
was found that the addition of this correction factor 
to the dilation calibration did not result in a reduc- 
tion of the calculated error. Therefore, it was felt 
unnecessary to include this additional correction 
factor, 

A surface layer of higher martensite content was 
formed to a depth of 0.002 to 0.005 in. during isother- 
mal transformation. In making lineal analyses to 
determine martensite content of specimens, this 
surface layer was avoided. Visual observation of 
specimens that had been transformed different 
lengths of time indicated that the martensite content 
in the surface layer increased with holding time in 
about the same manner as the interior. It is believed 
that this surface effect results from depletion of 
manganese or carbon at the surface. 

The isothermal transformation curves are plotted 
in Fig. 1. Time was plotted as t + 1 min to permit 
the inclusion of the first minute of isothermal trans- 
formation on a log plot. The curves were cross- 
plotted to obtain the TTT curve of Fig. 2. 

Isothermal transformation rates were also deter- 
mined for two temperatures, —111° and —159°C, by 
a metallographic method. Specimens were trans- 
formed for various lengths of time, quenched to 
room temperature, and prepared for metallographic 
examination. The quantity of martensite present in 
each specimen was determined by lineal analysis. 
Only one cross section per metallographic specimen 
was used in the lineal analysis determination of 
martensite in this case. The scatter of individual 
martensite determinations was about 1 to 2 pct 
which was within the estimated uncertainty of the 
lineal analysis measurements. 

Micrographs from a number of specimens of one 


series are shown in Fig. 3. The metallographically 
determined points are plotted in Fig. 4 along with 
the corresponding dilatometrically determined 
curves. In both cases, only the percentage of mar- 
tensite formed isothermally is plotted. Though the 
agreement at —111°C is good, five of the eight metal- 
lographically determined points at —159°C are high, 
although only two are at greater variance with the 
dilatometric curve than the expected limit of error 
of a linear analysis measurement. Postulations re- 
garding the discrepancy are of a speculative nature. 
One possibility is that the bath temperature was 
incorrectly adjusted for subzero treatment of met- 
allographic specimens. Another is that, since metal- 
lographic specimens were taken from a different 
portion of the ingot, the composition may have 
varied slightly from that of the dilatometer speci- 
mens. At the time of the investigation it was felt 
that the deviation was not sufficiently greater than 
the expected errors to warrant repeating the 
experiment. 

The effect of interruption of isothermal transfor- 
mation at —111°C upon further transformation at 

111°C was investigated. It was found that a small 
amount of martensite formed on heating from the 
holding temperature. After aging 5 min at room 
temperature and recooling, transformation contin- 
ued at a much decreased rate. These results are in 
agreement with the findings of Das Gupta and 
Lement' on a high chromium steel. 

A preliminary experiment to determine if a de- 
layed quench resulted in stabilization was performed 
by delaying the quench at 20°C for 2 and 30 sec 
before subcooling to a transformation temperature of 

111°C. The results indicated that the magnitude 
of stabilization in these times is less than the scatter 
of individual isotherms. However, a similar quench- 
ing treatment resulted in stabilization of the isother- 
mal transformation at 128°C. Specimens were 
held in a water bath at 20°C for 2 sec, for 30 sec, 
and for 24 hr before subcooling. The specimens 
given the 30-sec delay and the 24-hr delay in 
quenching transformed at a slower rate for the first 
few minutes of isothermal transformation than did 
the specimen given the 2-sec delay. Transformation 
rates were about equal after this time. The differ- 
ence in initial transformation rates corresponded to 
2 pet martensite for the specimen subjected to a 
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Fig. 2—TTT curves for mar- 
tensite formation in Fe-Ni 
Mn alloy 
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d (lower left)—16 min 12.5 
pct martensite. 


e (lower center)—64 min 
19.1 pet martensite. 


f (lower right)—128 min 23 
pct martensite. 


30-sec delay and 4 pct martensite for the specimen 
subjected to a 24-hr delay in quenching. The term 
“stabilization” refers, in this report, to the above 
mentioned slowing of isothermal transformation. 

These experiments may indicate that stabilization 
occurs only below a certain critical temperature. 
However, it is felt that these data are not yet ex- 
tensive enough to completely substantiate such a 
conclusion. A more thorough investigation of sta- 
bilization in this and other materials is in progress. 

In the opinion of the authors the dilatometric data 
and room temperature observation of microstruc- 
tures of transformed specimens provide insufficient 
evidence to resolve with certainty the question of 
whether isothermal martensite is produced by slow 
growth of pre-existing nuclei or by thermal nuclea- 
tion followed by rapid growth to full size martensite 
platelets. To determine directly the speed of growth 
of martensite platelets a high-low temperature mi- 
croscope stage was designed and built. The con- 
struction and operation of this stage are described 
elsewhere.” It was possible to reproduce the time- 
temperature history of dilatometric specimens very 
closely in this stage. 

Specimens were cut to size, metallographically 
polished, and austenitized in an evacuated quartz 
tube for 2 hr at 940°C. After cooling to room tem- 
perature, specimens were mounted in the micro- 
soope stage, austenitized 10 min at 940°C, quenched 
directly to a subzero temperature and held isother- 
mally. The subzero holding temperatures elected for 
successive experiments were —125° and —190°C. 
The specimen surface was observed at these tem- 
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Fig. 3—Isothermal marten- 
site formation at —111°C. 
Picral etch followed by fer- 
ric chloride etch. X100. 


a (upper left)—O time 1.5 
pct martensite. 


b (upper center)—1 min 4.9 
pct martensite. 


c (upper right)—4 min 6.5 
pct martensite. 


peratures for periods ranging from 10 to 30 min 
both visually and with the aid of a 16 mm motion 
picture camera set to a speed of 24 frames per sec. 

It was found by visual observation, and examina- 
tion of motion picture frames, that individual mar- 
tensite platelets began growing at different times 
and grew to full size in less than 1/24 sec. In some 
cases a martensite platelet would grow larger after 
initial growth by a series of discontinuous incre- 
ments. These observations confirm the findings of 
Kurdjumov and Maksimova'* of Das Gupta and 
Lement,’ and of Machlin and Cohen’ based on the 
room temperature examination of microstructures of 
transformed specimens. 

The results of this investigation support, at least 
qualitatively, the experimental findings of Kurdju- 
mov and Maksimova on the isothermal transforma- 
tion in a 23 pet Ni, 3.4 pet Mn alloy. There are sig- 
nificant differences, however. Kurdjumov and Mak- 
simova’s temperature of maximum transformation 
rate (—47°C) differs by 80°C from the temperature 
of maximum transformation rate (—128°C) found in 
this investigation. The greater manganese content, 
0.3 pet, of the present alloy would be expected to 
lower the martensite formation temperature 10° to 
20° at most (for athermal transformation). It seems 
unlikely that its effect on isothermal transformation 
would be great enough to account for the difference. 
It is more likely that the composition of Kurdjumov 
and Maksimova’s alloy was at variance with that 
stated in his publication. 

An error in the composition of the alloy used by 
Kurdjumov and Maksimova in a previous investiga- 
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Fig. 4—Comparison of di- 
latometrically and metal- 
lographically determined 
isotherms. 
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tion may also have been responsible for Kulin and 
Cohen’s failure to reproduce the experiment on the 
6.0 pct Mn, 0.6 pct C steel. 

Kurdjumov and Maksimova report an M, tem- 
perature (—17°C) for the Fe-Ni-Mn alloy, thereby 
inferring that athermal martensite forms to some 
extent. However, the cooling rate of 10°C per min 
used in its determination was sufficiently slow to 
allow detectable quantities of isothermal martensite 
to form at the reported M,,. 

Kurdjumov and Maksimova do not state whether 
or not an athermal component was found on rapidly 
quenching to the lowest possible temperature. In the 
present investigation it was shown that the forma- 
tion of martensite could be entirely suppressed by 
rapidly quenching small specimens in liquid nitro- 
gen to temperatures as low as —196°C. It can then 
be concluded that athermal transformation is not a 
necessary prerequisite to subsequent isothermal 
transformation. 

The stabilizing effect of an interruption of holding 
in the temperature region of isothermal transforma- 
tion is believed to be due to the same factors causing 
partial stabilization by an interruption of quench 
prior to subcooling. In the latter case no martensite 
was present during the stabilizing treatment. It thus 
appears that the suggestion of Das Gupta and Lement 
(that stabilization is caused by the removal of an 
accelerating effect imposed on the steel by partial 
transformation) does not apply for the alloy used in 
this investigation. It is more likely that the diffusion 
of carbon plays a role in this stabilization phenom- 
enon. 

The isothermal transformation data reported in 
this investigation have been interpreted by Fisher” 
as thermal nucleation of martensite followed by rapid 
growth. 

Summary 

The following characteristics of the austenite- 
martensite transformation have been observed in an 
Fe, 23 pct Ni, 3.7 pct Mn alloy: 

1—Isothermal formation of martensite occurs in 
the temperature range from —79° to —196°C. The 
rate of formation increases with decreasing tempera- 
ture to a maximum at —128°C and decreases with 
further lowering of temperature. 

2—The formation of martensite can be suppressed 
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completely in this alloy by rapid quenching below 
room temperature. 

3—Partial stabilization can be brought about by 
aging at room temperature, either prior to subcool- 
ing or after some isothermal transformation. 

4—Isothermal transformation proceeds by delayed 
formation of martensite nuclei followed by rapid 
growth to full size martensite platelets. 
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Identification of the Precipitate Accompanying 


885°F Embrittlement in Chromium Steels 


by R. M. Fisher, & 


T is well known that ferritic steels containing 

more than 15 pect Cr when subjected to tempera- 
tures in the range of 700° to 1000°F exhibit in- 
creasing hardness and decreasing ductility. The 
phenomenon has been widely termed the “885°F 
embrittlement,” after the temperature of most 
marked effect. In view of the excellent review ar- 
ticles available in the literature’* only a brief ac- 
count of experimentally established facts need be 
given here. 

The extent of changes in physical characteristics 
during embrittlement depends on chromium concen- 
tration and time at temperature, higher alloy content 
and longer time both promoting more rapid and ex- 
tensive changes. In a 27 pet Cr steel, changes in 
impact strength and in angle of fracture in bending 
can be detected after only a 1 hr exposure at 885°F; 
after 50 hr this steel becomes quite brittle. Hardness 
increases slowly with time during thousands of 
hours exposure and may attain a maximum hardness 
number twice as large as that of the unexposed steel. 

Microstructural changes accompanying embrittle- 
ment have been described as an initial widening of 
“rain boundaries followed by eventual darkening of 
ferrite grains. Embrittled steels etch more readily, 
e.g., the weight loss of a 27 pet Cr steel in acid 
solution may occur at a rate one hundred fold 
greater following exposure at 885°F. Marked 
changes which accompany embrittlement have been 
observed in electrical resistivity, specific gravity, 
and magnetic coercive force. Changes in physical 
properties may be readily removed by heating at 
temperatures above the embrittling range, such as a 
treatment at 1100°F for 1 hr. 

It has frequently been noted that the 885°F em- 
brittlement suggests precipitation on a submicro- 
scopic scale of a chromium-rich constituent, the 
nature of which has not been revealed by X-ray 
diffraction. Progressive broadening of the body- 
centered cubic diffraction lines during embrittlement 
has been observed,” and recent observations by Lena 
and Hawkes upon single crystals have shown early 
asterism in X-ray photographs, disappearing within 
an hour at 900°F. Many workers have ascribed” 
the phenomenon to a precipitation of o phase (FeCr), 
which is known to cause embrittling effects at tem- 
peratures much higher than 885°F. Two general 
observations, however, suggest that o precipitation 
cannot be responsible for the 885° F phenomenon: 
l1—prior cold work greatly enhances o formation, 
whereas it scarcely affects the 885 F embrittlement, 
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Table |. Chemical Composition of Steels Used 


Aging 
Time at 
Sample 900°F, Hr 


Chemical Composition, Wt Pet 
Pr 


10,000 323.13 0.016 0.010 35 0.08 28.14 0.084 
10,000 0.014 0.010 0.10 27.48 0.071 
0 : 6.020 0.003 55 048 2645 0.222 
10,000 0.24 0.020 90.003 55 0.48 2645 0222 
34,000 0.020 0.003 55 048 2645 0.222 
5,000 55 0.014 0.008 5 0.10 16.54 
10,000 55 0.008 0.027 3.0.16 15.80 
10,000 55 0.009 0.022 4460.11 15.05 
10,000 55 0.010 0.024 56 0.12 14.14 


* These samples, obtained from Heger'* and Link and Marshall, 


were cold-reduced 95 pct before exposure 


and 2—the presence of an alloying element such as 
nickel or manganese may have an effect on the 885 F 
embrittlement which is opposed to its effect upon « 
formation. 

The slight enhancement of a formation and 885 F 
embrittlement observed in the presence of elements 
with strong carbide and nitride forming tendencies 
is probably a consequence of lessened chromium de- 
pletion of the matrix. The bar graph in Fig. 1 shows 
a typical example, taken from two 27 pct Cr steels 
used in this work, of the hardness after exposure 
for 10,000 hr at 900°, 1050°, and 1200 F. Steel A 
(0.03 pet C, 3.13 pet Mn) showed marked hardening 
at 900° and 1200°F, whereas steel B (0.12 pct C, 
0.63 pet Mn) exhibited only the 900°F hardening. 
The o phase was found in steel A at the higher tem- 
peratures but not in steel B. Presumably o forma- 
tion is enhanced by the low-carbon and high-man- 
ganese concentrations in A." Thus there are two 
distinctly different hardening phenomena present 
which cannot both be ascribed to o« precipitation 
without invoking a transition phase possessing re- 
markable properties. 


Materials 

A number of chromium steels exposed for long 
periods (5900 to 24,000 hr) at 900 F, as well as un- 
exposed samples of one of the steels, were available 
for this investigation. Table I gives the chemical 
compositions and aging treatments of these steels 
In addition to these steels exposed in the elevated 
temperature test furnaces of the National Tube Divi- 
sion, a number of high-chromium steels were heated 
for short periods in small laboratory air furnaces 
and lead baths. Supplementing these commercial 
steels, a sample of high-purity (0.018 pct C, 0.002 
pet N) 28 pct Cr iron, exposed 1000 hr at 887 F, 
was furnished by the Union Carbide and Carbon 
Corp. In addition, an alloy of iron and chromium of 
high purity containing 46 pct Cr was used. This 
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. A 
B 
D 
E 
F* 
G* 
H* 


material, made by vacuum fusion, was obtained 
from the National Research Corp., Cambridge, Mass. 


Optical Microscope Examination of Embrittled Steels 

The micrographs of Fig. 2 illustrate the phenom- 
enon of 885 °F embrittlement in a 27 pct Cr steel. 
Ferrite grains in the unexposed steel (sample C) are 
clear, the outlined or dark etching constituents be- 
ing chromium carbide and nitride. After an ex- 
posure of 34,000 hr at 900°F (sample E), the ferrite 
appears darkened by a precipitate which is too fine 
to be resolved by the optical microscope, and a vein- 
ing or subgrain structure can be seen in the dark- 
ened ferrite. This precipitate dissolves rapidly in 
the ferrite matrix upon heating to 1200°F, as shown 
in Fig. 2c, leaving the microstructure much as it ap- 
peared in the unexposed steel of Fig. 2a. 

These changes in microstructure are reflected in 
hardness of 198, 369, and 202 diamond pyramid 
hardness for the specimens of Figs. 2a, 2b, and 2c, 
respectively. These results indicate that a definite 
microstructural change accompanies the hardness 
increase during the long time exposure at 900 F, 
and that the embrittled steel quickly returns to its 
initial hardness and to a structure similar to the ini- 
tial microstructure upon heating at 1200°F. The 
hardness of sample E (369 DPH) was not signifi- 
cantly different from that of sample D (373 DPH) 


Electron Microscope Examination 

Fig. 3 shows electron micrographs of the samples 
shown in Fig. 2. These are photographs of uranium- 
shadowcast plastic replicas stripped from the pol- 
ished and etched surfaces of the steel before and 
after exposure at 34,000 hr at 900°F. This one-step 
plastic replica technique results in negative replicas, 
in that unetched projections on the original surface 
appear as depressions in the micrographs. The 
smooth, unetched regions in both figures correspond 
to the carbides and nitrides in the steel. The rough 
background in Fig. 3b indicates the presence of a 
precipitate in the ferrite matrix which is too fine to 
be resolved by this replica technique. This is analo- 
gous to the ferrite darkening shown in the optical 
micrograph of Fig. 2b; however, the vein structure 
was not observed. 

A new “Extraction Replica” technique that is ap- 
plicable to t 


a—lInitial condition. 
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b—34,000 hr at 900°F. 
Fig. 2—Microstructures of steel C (27 pct Cr). Picric-HCl etch. X1000. Area reduced approximately 50 pct for reproduction. 
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AGING TEMPERATURE 


Fig. 1—Effect of aging temperature on hardness of two 27 pct Cr 
steels after 10,000 hr exposure. 


oped at this Laboratory. This technique will soon be 
reported elsewhere and will be described here only 
briefly. It has been found possible to free from the 
metal matrix the precipitate particles that are par- 
tially embedded in the replica plastic by etching the 
sample a second time through the plastic. The rep- 
lica contains the actual precipitate particles, thus 
avoiding the loss in resolution inherent in any rep- 
lica technique. By suitable manipulation of the 
electron beam, it is possible to select areas of the 
replica containing separated particles for diffraction 
patterns by transmission. An alcoholic solution of 
picric and HC! acids (grain size reagent) has been 
found most effective for the stripping technique on 
chromium steels, although solutions of bromine or 
iodine in alcohol may also be used. 

Fig. 4 shows particles of the precipitate which are 
responsible for the ferrite roughening of Fig. 3b. 
Fig. 4a is an extraction replica of sample D (10,000 
hr, 900° F) and Fig. 4b shows the precipitate in sam- 
ple E (34,000 hr, 900°F). The precipitate particles 
seem to be spherical as they always appear circular 
in the micrographs and never rodlike as would disks 
on edge. The particles are quite uniform in size, 
varying from about 150 to 300A but averaging 200 
in Fig. 4a and 230 in Fig. 4b. Resolution of the 
micrographs here limits accuracy to about +30A. 


¢—34,000 hr at 900°F plus | hr at 1200°F. 
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Fig. 3 — Uranium 
shadowed replicas 
of 27 pct Cr steel 
HCI-picric etch 
X15,000. Area re 
duced approxi- 
mately 50 pct for 
reproduction 


a (upper) — Before 
exposure. 


b (lower) — 34,000 
hr at 900 F 


Fig. 4a and b also illustrates quantitatively the in- 
crease in numbers of particles from 10,000 to 34,000 
hr exposure although there is little change in par- 
ticle size, Some clustering of particles in Fig. 4b 
results from slightly over etching the second time 
so that some previously unexposed particles that are 
not fixed to the plastic are free to cluster together. 
This is difficult to avoid with such small precipitate 
particles. 

Transmission electron diffraction from the same 
area of the replica shown in Fig. 4b gives the pat- 
tern, reproduced in Fig. 5, of a simple body-centered 
cubic phase of lattice parameter similar to that of 
iron or chromium. Because pure iron and pure 
chromium differ in lattice parameter by only 0.6 pct, 
it is not possible to distinguish between these two 
elements, or their solid solution, by means of elec- 
tron diffraction alone. It is interesting to note the 
evidence of preferred orientation in the diffraction 
pattern of Fig. 5, which indicates that the replica 
technique removed the particles from the steel with- 
out disturbing their orientation. The six-fold sym- 
metry in the inmost {110} ring suggests that the pre- 
cipitate formed with its {110} planes coincident with 
the six {110} planes of the ferrite matrix. 

Electron diffraction examination by means of the 
same replica technique described above showed the 
presence of the body-centered cubic precipitate in 
sample F (17 pet Cr, 5000 hr, 900°F), sample G 
(16 pet Cr, 10,000 hr), and sample H (15 pet Cr, 
10,000 hr). The patterns from these samples were 
considerably weaker than from the 27 pet Cr steels 
and the particle diameter of the precipitate was 
about 125A in H to 175A in F. No body-centered 
cubic pattern was obtained from sample I (14 pct 
Cr, 10,000 hr) and no precipitate particles were 
observed. 

Weak patterns were obtained for the precipitate 
in samples of the 46 pet Cr alloy after 700 hr at 900°, 
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950°, and 1000°F. The strongest pattern was obtained 
from the 950 °F sample and the {200} diffraction line 
was unusually weak in all these cases. 

The patterns from the high-purity Union Carbide 
and Carbon specimens (28 pct Cr, 1000 hr, 887°F, 
hardness 275 DPH) were rather weak and here also 
the {200} line was relatively weaker than in the 
10,000 hr samples. The particles were too small to 
be clearly resolved by the electron microscope and 
from this fact, and from measurements of line broad- 
ening effects, they are estimated to be less than 50A 
in diameter. 

No precipitate could be observed in extraction 
replicas of the sample of Fig. 2c (sample E reheated 
1 hr at 1200°F) nor was a body-centered cubic elec- 
tron diffraction pattern obtained from these replicas. 
A strong body-centered cubic pattern was obtained 
from an extraction replica of another small piece of 
sample E (27 pct Cr, 34,000 hr, 900 F) reheated 14 
hr at 1100°F. The precipitate particles were about 
120A in diameter and the hardness of this sample 
was 239 DPH. 

X-Ray Examination 

X-ray examination of the etched surface of sam- 
ple C (before) and samples D and E (after em- 
brittlement) showed no new diffraction lines but 
only a slight broadening of the original body- 
centered cubic ferrite lines after exposure. Fig. 6 
shows the diffraction pattern of the residue ob- 
tained by dissolving a small sample of embrittled 
steel (sample E, 34,000 hr, 900°F) in grain size 
reagent (HCl-picric acid in alcohol). This pattern 
was obtained on a Philips 90° spectrometer with 
filtered chromium radiation. It shows the presence 
of Cr.N and Cr,,C, as minor constituents, along with 
strong {110} diffraction from a body-centered cubic 
lattice. This material showed no evidence of ferro- 
magnetism when tested with a small hand magnet 
and in a magnetic susceptibility balance. Similar 
patterns were obtained from the surface of the solid 


Fig. 4 — Extraction 
replicas of 27 pct 


Area reduced ap- ¢ 
proximately 50 pct _* 4 
tor reproduction. ‘ ? > 

a (upper) — 10,000 ° 
hr at 900°F. 


b (lower) — 34,000 - 
hr at 900°F. 
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steel specimen after it was etched deeply, except 
that the {110} diffraction line was masked by the 
ferrite {110} line. 

X-ray fluorescence was used to measure the rela- 
tive Fe-Cr composition of the extract from sample E. 
A copper target tube was used for excitation, and a 
sodium chloride crystal as monochromator. For cali- 
bration purposes a pure alloy of iron and chromium 
containing 46 pct Cr was used. Repeated observa- 
tions on this and other similar extracted materials 
from samples D and E yielded a result of approxi- 
mately 85 pet Cr-15 pet Fe. This, of course, includes 
the chromium in the carbide and nitride as well as 
the precipitate. 

The lattice parameter of the body-centered cubic 
constituent was measured in the spectrometer modi- 
fied for back reflection, by measuring the diffraction 
angle of the {211} reflection, under chromium radia- 
tion, in comparison with that from spectroscopically 
pure iron (a 2.8665A). Values were obtained for 
extracts from steels D and E after 10,000 and 34,000 
hr exposures at 900°F of 2.877 and 2.878A, respec- 
tively. Precision of these measurements is limited by 
particle broadening which prevented accurate reso- 
lution of the a doublet. The lattice parameter meas- 
urements would imply a chromium content of about 
70 pet;” however, influence of residual elements as 
well as particle broadening prevents accurate esti- 
mates of composition from these measurements. 

X-ray examination of the etched surfaces of sam- 
ples F and G (heavily cold-worked before expo- 
sure at 900°F) showed the presence of o phase 
(FeCr) as well as Cr.N and Cr,,C,. The strength of 
the electron diffraction pattern for the precipitate 
from these samples indicated that extraction of it 
for X-ray examination was not feasible. The o phase 
was found in sample A after aging at 1050° and 
1200°F but not in steels B, D, or E after aging at 
these temperatures. X-ray observations of o phase 
in these samples verifies previously reported identi- 
fication by metallographic means.” ™ 

A small amount of residue extracted from the 
high-purity 28 pct Cr sample was examined by 
X-ray diffraction. No diffraction lines were obtained 
from the specimen due probably to the extremely 
small size of the particles. X-ray fluorescence anal- 
ysis of the residue gave a chromium to iron ratio of 
about ten or twelve to one. 


Chemical Composition of Extracted Materials 

Table II lists the results of chemical analyses of 
the residues obtained by dissolving embrittled sam- 
ples in the grain size reagent used previously as an 
etchant. Samples which were first investigated (D 
and E) were simply left in the etching solution until 
considerable residue had collected on the surfaces of 
the specimens and then removed from the solution 
and dried. After drying, the surfaces were carefully 
brushed and the residue collected. To obtain quan- 
titative data on the amount of residue in an em- 
brittled steel, samples A and B were crushed in a 
mortar, weighed, dissolved in grain size reagent, and 
the residue washed by decanting in alcohol. After 
washing, the residue was collected, dried, and 
weighed. The amount of residue available for anal- 
ysis varied between 0.2 and 0.5 g. Rather more re- 
liance is placed upon the chemical analysis of steels 
A and B because more extract was available for 
analysis and because of improved techniques in 
handling. 

From Table II it is seen that the Cr-Fe ratio agrees 
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Fig. 5—Electron diffraction pattern of area shown in Fig. 4b. 


moderately well with the ratio determined by X-ray 
fluorescence analysis. While the reported nitrogen 
contents of the extracted materials from samples A 
and B are quite consistent with the yield factors and 
the nitrogen contents of the initial steels (Table I), 
the carbon values are several times larger than would 
be expected from the yield factors and the carbon 
content of the steels. It is probable that these dis- 
crepancies are due to organic contamination both 
from the etchant and from etching products not re- 
moved during washing. The estimated carbon con- 
tents listed in Table II were obtained by multi- 
plying the original carbon content of the steels by 
the concentration factor in the extraction. This as- 
sumes that all the carbon in the steels was combined 
as carbide and was recovered in the extraction. 
Since the X-ray results showed that the extract 
consists only of Cr,,C,, Cr.N, and the body-centered 
cubic precipitate, it is possible to compute the rela- 
tive proportions of these three phases in the extract, 
and also the composition of the precipitate. Table III 
lists the results of these computations, using the 
nitrogen values from the analyses and the estimated 


| 
| 


| 


Fig. 6—X-ray diffraction pattern of residue extracted from 27 pct 
Cr steel exposed 10,000 hr ot 900° F 


MAY 1953, JOURNAL OF METALS—693 


. 
3 
re 
| 
| @C C PRECIPITATE 
| | | | As 
\. \,. | 
| | | 
| 
+ + 1034 ++ + 
+ | + ‘wo 
CrasCg 2238 \ | Cray Ce 1798 
2164 673A Clays Ce 
2 37h t 
| le 
; 


Table I!. Composition of Extracted Material, Wt Pct 
Speci- Esti- 
men Vield Cr Fe N Cc Total mated C 
A 11.5 64.0 11.3 0.84 1.69 717.8 0.28 
KH 99 66.4 1.1 0.77 2.75 81.0 12 
D I3.1* 615 12.2 1.7 75.4 18 
E 18.5* 709 11.6 12 19 85.6 13 


* Estimated from nitrogen values of steel and extract 


values for carbon. Agreement among the samples in 
the composition of the body-centered cubic precip- 
itate is quite good except for sample D which was 
the smallest sample and yielded the bare minimum 
of residue that could be analyzed. 

The proportions by weight of the constituents in 
the extracts can be converted into weight propor- 
tions in the embrittled steels by using the yield 
values of Table Il. Table IV shows the results of 
calculating the composition of the steels in this way. 
Values in parentheses are the values for the carbide 
and nitride that would be expected from the carbon 
and nitrogen contents of the steels. The values com- 
puted from the analyses of the extract are all higher 
than the values computed from the steel analyses. 
This error, whatever its origin, tends to decrease 
both the apparent chromium content of the body- 
centered cubic precipitate and the apparent amount 
of precipitate formed. The chromium content of the 
remaining ferrite is computed by subtracting the 
chromium combined as nitride, carbide, and body- 
centered cubic precipitate from the original steel 
chromium analysis and calculating its weight per- 
cent in the remaining ferrite matrix 


Magnetic Measurements 

Preliminary qualitative observations with a small 
Alnico permanent magnet revealed that the extrac- 
tions from embrittled steels were either nonmagnetic, 
or only weakly magnetic. Quantitative measurements 
were made in a magnetic susceptibility balance. In 
this instrument a magnetizing field of about 400 
oersteds was provided, and the tractive force in an 
inhomogeneous field was measured on a standard 
chemical balance. Extracts from specimens D and E 
revealed no detectable ferromagnetism; those from 
A and B gave tractive forces equal to about 10 pet 
of the specimen weights. For comparison, under 
identical conditions, steel C gave a tractive force 
equal to twice its weight. Electron diffraction exam- 
ination of one of the magnetic residues indicated the 
presence of magnetite, which may account for the 
slight ferromagnetism. 

Small pieces of embrittled steels D and E were in- 
vestigated over a range of temperatures up to 670°C 
(1238°F) in the same instrument. No evidence was 
found for any Curie temperature, other than the 
principal one at 600° *5°C (1112° +9°F) which, 
according to Adcock, is appropriate to a 27 pet 
chromium ferrite. No hysteresis effects were found 
upon heating above and cooling below the Curie 


Table 11. Computed Composition of Extract, Wt Pct 


Rody -Centered Cabic 


Specimen Croft Precipitate 
A 93 65 84.2 (82.5% Cr, 17.5% Fe) 
B 82 26.5 65.3 (78.6% Cr, 21.4% Fe! 
dD 18.6 410 40.4 (61.0% Cr, 39.0% Fe) 
119 61.2 (77.5% Cr, 22.5% 


temperature; hence no chromium depletion of the 
ferrite was evidenced. In view of other findings this 
may be ascribed to the rapidity of solution of the 
precipitate in the ferrite matrix above 475°C 
(887°F), because during the course of the measure- 
ments at least 30 min was spent in increasing the 
specimen temperature from 475° to 600°C. It would 
appear that direct observation of a chromium- 
depleted ferrite is impossible by magnetic means. 
The nonmagnetic residue of sample E was examined 
for a low-temperature Curie point down to —195°C 
(—319°F). A slight tractive force was observed at 
195°C for this sample which might have been due 
to paramagnetism just above the Curie point. From 
the work of Adcock,” a Curie point below —195°C 
indicates a chromium content in excess of 78 pct. 
Experimental Results 

The experimental results described in the pre- 
ceding sections indicate the formation of a sub- 
microscopic precipitate during the embrittlement of 
ferritic chromium alloy steels at 885°F. 

The electron and X-ray diffraction measurements 
show that the precipitate has the body-centered 
cubic structure with lattice parameter between that 
of iron and chromium. This lattice parameter of 
2.878A is equal to that of a pure alloy of 70 pct Cr- 
30 pet Fe. Chemical analyses of the residues ex- 
tracted from embrittled steels indicate that the pre- 
cipitate is between 78 to 82 pct Cr and that the 
precipitate can amount to as much as 10 pct by 
weight in a 27 pet Cr steel exposed for four years. 
X-ray fluorescence analysis of the extract from a 
high-purity 27 pet Cr iron aged 1000 hr at 900°F 
showed a chromium content of 92 to 94 pct Cr 

Magnetic measurements on the precipitate show 
that it is not ferromagnetic above —195°C, which is 
the Curie point for a 78 pet Cr-22 pct Fe alloy. 
Electron microscope observations reveal that the 
diameter of the precipitate particles depends both 
on time of exposure and on chromium content of 
the steel. In 27 pet Cr steels the precipitate diameter 
varied from less than 50A after 1000 hr exposure to 
about 225A after 34,000 hr exposure. For 10,000 hr 
exposure, diameter varied from about 125A in a 
15 pet Cr steel to about 200A in a 27 pct Cr steel. 
The precipitate particles formed during 34,000 hr at 
900°F completely dissolved during 1 hr reheating 
at 1200°F and shrank from 225 to 120A in diameter 
during '4 hr at 1100°F. 

The precipitate was found in steels with chromium 
contents above 14 pct and was found to coexist with 
o (FeCr) in steels which had been severely cold- 
worked before exposure at 885°F. In well annealed 
27 pet Cr steels, o phase was found after exposure 
at 1050° and 1200°F in samples that increased in 
hardness during aging and was not found in samples 
that did not harden at these temperatures. No pre- 
cipitate was found to form above 1000°F. 

Discussion 

As stated in the introduction, changes in prop- 

erties of ferritic chromium steels during embrittle- 


Table 1V. Computed Composition of Embrittled Steel, Wt Pct 


Body- Cr 


Centered Content 
Specimen Cron Crof Cubic of Ferrite 
A 1.07 10.7) 0.75 (0.56) 9.7 21 
B 0.81 (0.69) 2.62 (2.1) 6.5 21 
dD 2.42 (1.85) 5.37 (4.2) 5.3 19 
2.20 (1.85) 4 1.3 
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ment at 885 F are accompanied by precipitation of 
a chromium-rich phase. The small particles of the 
embrittling phase have the body-centered cubic 
structure of the matrix with a lattice parameter only 
0.2 pet larger and are probably coherent with the 
matrix, thus greatly increasing its hardness due to 
internal strains. The formation of a fine precipitate 
also explains the increase in the coercive force of 
the steel. Chromium depletion of the matrix during 
embrittlement lowers the corrosion resistance of the 
steel and also lowers its electrical resistivity. Data 
in the literature” suggest that the rate of corrosion 
for embrittled steels is several times greater than 
for a steel of chromium content equal to the com- 
position of the depleted matrix (as calculated in this 
report). This effect could well be due to the presence 
of the precipitate particles in the steel. 

Formation of the precipitate is difficult to explain. 
The Fe-Cr phase diagram indicates that ferrite and o 
phase should be the stable phases in an equilibrated 
27 pet Cr alloy; nevertheless during exposure at 
885 F the alloy seems to prefer to separate into 
iron-rich and chromium-rich ferrites. However, in 
severely cold-worked steels the precipitate can 
coexist with o at 885°F. Rate of growth of the pre- 
cipitate is unusually slow. From diffusion consid- 
erations, the precipitate particles could grow to the 
observed 200A diameter in less than 2 hr or, alter- 
natively, in 34,000 hr the diffusion-limited diameter 
is more than 5000A. In the cold-worked samples 
aged at 900 F the largest o particles were within 
20 pet of the calculated diffusion-limited size. 

The size and structure of the precipitate is rem- 
iniscent of the “clusters,” “knots,” or “complexes” 
proposed to account for the changes in properties 
during age-hardening of nonferrous metals that occur 
before any microstructural changes can be discerned. 
Various transitional structures preceding formation 
of the equilibrium precipitate have been observed” ™ 
by X-ray scattering at small angles from nonferrous 
metals undergoing age-hardening. In most cases the 
data have been interpreted as scattering from a two 
dimensional platelet but occasionally as from a 
spherical precipitate. The theory of these coherent 
transitional precipitates, as developed so far,” * im- 
plies that the thickness of the platelet depends on 
the mismatch between the atom-atom distances in 
the precipitate and in the matrix, and also on the 
relative rigidity of the precipitate and the matrix. 
According to this theory, the small amount of mis- 
match between the chromium-rich body-centered 
cubic precipitate and the matrix, and the greater 
rigidity of the precipitate, could result in very thick 
platelets or essentially spheres. 

If 885 F embrittlement is an age-hardening phe- 
nomenon it should exhibit overaging. This has not 
been observed for 27 pet Cr steels even after four 
years of aging. However, it is possible that over- 
aging will be observed after further exposure, since 
the matrix has been depleted in chromium almost 
to the threshold composition of embrittlement and 
little more precipitate can form. The fact that the 
hardness did not increase during heating from 10,000 
to 34,000 hr, while the amount of precipitate more 
than doubled with no change in particle size, may 
mean that the particles formed first lost coherency 
at about the same rate as new coherent particles 
formed. This idea is supported by the observations 
that the precipitate size, in a fully embrittled sample 
held a short time in the softening temperature range, 
is much larger than in a sample embrittled for just 
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a short period although the reheated sample is con- 
siderably softer. The resolution treatment may cause 
the precipitate particles to lose coherence while dis- 
solving and thus soften the steel. 
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HE fabrication of many materials from powders 
involves a sintering process. A mass of powder 
will sinter because of the excess free energy over 
the same mass in the densified state caused by the 
higher total surface area of the powder. An under- 
standing of the kinetics and mechanism of sintering 
should assist in improving the properties of such 
materials. The present investigation conducted at 
the NACA Lewis laboratory deals with the sintering 
of chromium carbide. 

Dry sintering (sintering at a temperature below 
the melting point) was divided into two stages by 
Shaler:' the first stage, during which the particles 
preserve much of their original shape and the voids 
are interconnected, and the second stage, during 
which densification occurs and the pores are iso- 
lated. The mechanism of forming interfaces between 
particles, or welding together of particles, has been 
investigated by Kuczynski’ and may be described by 
any one or a combination of the following mecha- 
nisms: viscous flow, evaporation and condensation, 
volume diffusion, or surface diffusion. The mecha- 
nism by which pores are closed or eliminated (den- 
sification) during sintering, is of interest. 

Grain growth observed during sintering may be 
attributed to the variation in the surface energies of 
individual grains, causing some grains to grow at the 
expense of others. Grain boundary migration occurs 
presumably by a diffusion process, therefore the rate 
of grain growth would be expected to increase ex- 
ponentially with increasing time and temperature. 
Thus, for practical sintering times of less than 1 hr, 
a certain minimum temperature may exist at which 
major structural and property changes will occur. 

Densification and kinetics of grain growth during 
sintering under pressure of chromium carbide were 
investigated to provide additional information which 
will aid in describing more accurately the sintering 
process and the mechanisms involved. This material 
was selected for this study becayse of the current 
interest in high strength, oxidation resistant refrac- 
tory materials, such as carbides, which are sintered 
to produce solid, dense materials from powders. 
Sintering under pressure is a process where the heat 
and pressure are applied to the compact simultane- 
ously, specimens for this work were prepared by 
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Densification and Kinetics of Grain Growth During The 


Sintering of Chromium Carbide 


by H. J. Hamjian and W. G. Lidman 


sintering under pressure at different temperatures 
and for various time periods. 


Experimental Procedure 

Preparation of Specimens: Chemical analysis of 
the commercial chromium carbide used in this in- 
vestigation was as follows: Cr 86.19 pct, C 12.14 pct, 
and Fe 0.2 pet. X-ray diffraction powder patterns 
gave characteristic diffraction lines of Cr,C, crystal 
structure. 

Powder particle size was determined microscopi- 
cally and the average initial particle size was 6 
microns with 85 pct between 2 and 10 microns. 
Specimens sintered under pressure were formed in 
graphite dies* heated by induction. Sintering tem- 
peratures were measured with an optical pyrometer 
by sighting into a *s-in. hole drilled 1 in. deep at 
the midsection of the graphite die. A load of ap- 
proximately 1 ton per sq in. was applied to the 
powder, The die assembly was heated in 20 min to 
the highest temperature (2500°F) at which no in- 
crease in grain size could be observed, and less than 
2.5 min were required to heat from this temperature 
to the maximum temperature (3000°F). Sintering 
temperatures and times for the specimens of this in- 
vestigation are indicated in Table I. 

Analysis of Specimens: Specimens polished with 
diamond abrasives were etched to reveal the grain 
boundaries with a 1:1 mixture of 20 pct potassium 
hydroxide and 20 pct potassium ferricyanide heated 
to 160°F. Representative areas of each sample were 
photographed at 1000 diameters. The largest di- 
ameters of all well-defined grains were measured, 
but only the measurements of 15 of the largest 
grains were averaged in order to determine an index 
of grain size on the assumption that they were 
among the first to begin growth. 

Densities were determined from _ differential 
weighing of the samples in air and water. The re- 
ported density values are considered correct within 
+0.01 g per milliliter. 


kesults and Discussion 

Metal compacts have exhibited grain growth when 
sintered at temperatures about two-thirds of the 
absolute temperature of their melting point.“ Grain 
growth also occurs during the sintering of chromium 
carbide and is illustrated by the micrographs shown 
in Fig. 1. These micrographs were prepared from 
specimens sintered for 90 min at temperatures rang- 
ing from 1371°C (2500°F) to 1648°C (3000°F). 
Average grain size and density measurements of 
specimens investigated are presented in Table I. The 
relationship between grain size and sintering tem- 
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d—1538°C (2800°F). 


perature of samples shown in Fig. 1 is graphically 
represented in Fig. 2. 

Grain growth in polycrystalline solids and in sin- 
tered bodies may occur by grain boundary migration 
which results in the gradual absorption of some 
grains by others. When sintering a mass of poly- 
crystalline nonductile particles, grain growth prob- 
ably occurs first within the particle boundaries. This 
internal grain growth (that is, within the particles) 
is assumed of little importance in the sintering 
process. Grain boundary migration across the par- 
ticle boundaries begins after sintering has proceeded 
to a point at which substantial bonds are formed be- 
tween particles which permit absorption of one grain 
by another. This welding or bonding of particles 
together has been investigated by Kuczynski.’ Based 
on the results of the present investigation the bond- 
ing between particles may be classed as a first stage 
in the sintering process. A second and third stage 
become apparent when the density and grain size 
data are plotted as shown in Fig. 3. Sections of rep- 
resentative micrographs which show the size and 
position of the pores with different grain sizes have 
been included in this figure. This curve shows the 


e—1593° (2900°F). 
Fig. 1—Micrographs of specimens sintered at various temperatures for 90 min. X1000. 


{—1648°C (3000°F). 


dependence of density on the change in grain size. 
The dashed portion of this curve shows that density 
increases with increasing grain size and may be 
designated as a second stage of sintering. A third 
stage is indicated by the solid portion, where grain 
size continues to increase with no appreciable in- 
crease in density. From the micrographs on this 
figure and those in Fig. 1 it can be seen that for 
specimens sintered at times and temperatures which 
fall in the second stage of sintering the pores are 
located in the grain boundaries. During the second 
stage, as the time and temperature conditions are 
increased, the pores decrease in number and size, 
and spheroidize while the grains grow. When speci- 
mens are sintered at conditions encountered in the 
third stage densification is complete, the pores have 
spheroidized and tend to be located within the grains 
and the grains continue to grow. The sintering proc- 
ess for chromium carbide may therefore be described 
by a first stage during which particles preserve 
much of their original shape and a substantial bond 
has formed between adjacent particles; a second 
stage during which densification occurs (pores re- 
duce in number and size and spheroidize) accom- 


Sintering 
Temperature 


30 


Grain Grain Grain 


Density, Size, Density, Size, Density, Size, 


1371 2500 5.38 6.50 5.66 7.30 5.88 7.70 

1426 862600 5.54 8.05 5.98 8.95 6.04 9.75 

1482 2700 5.99 8.65 6.11 9.95 6.12 10.75 

1538 2800 6.04 9.10 6.34 10.80 6.57 12.35 

1593 2900 6.10 11.20 6 46 12.50 6.65 15.20 
K 6.62 s 661 6.64 


Table |. Density and Groin Size Measurements of Chromium Carbide Specimens 


Sintering Time, Min 


45 wo 


Grain Grain Grain Grain 


Density, Size, Density, Size, Density, Size, Density, Size, 
-¢ °F G per MI Microns G per MI Microns G per MI Microns G per MI Microns G per MI Microns G per MI Microns G per MI Microns 


4.80 


5.94 8.20 6.03 8.50 6.12 94 6.43 99 
6.12 10.05 6.30 10.60 6.59 114 6.64 118 
6.37 11.10 6.42 11.50 6 66 13.2 6.65 150 
6.57 13.20 6.61 14.90 
6.65 16.40 6.65 18.30 
6.64 6.65 21.40 
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Average groin size, microns 


Video 1800 — 800 — 14001700 


Fig. 2—Variation in average grain size of sintered chromium carbide 
with sintering temperature, time period of 90 min 


panied by grain growth, and a third stage during 
which there is no appreciable change in density, the 
few remaining pores tend to be located within the 
grains and grain growth is the predominant phe- 
nomena. In preparing compacts with maximum 
density and minimum grain size, sintering must be 
terminated in the early part of this third stage. 

In order to determine whether grain growth dur- 
ing the sintering of chromium carbide could be ex- 
pressed by an empirical equation, the average 
measured grain size was plotted against sintering 
time on logarithmic scales for constant sintering 
temperature (Fig. 4). Straight lines are apparent 
with two slopes which again demonstrates that there 
is a change in the sintering process. The relation- 


ship between grain size and sintering time is ex- 
pressed by the empirical equation 


Kt [1] 


where D is the average grain size in microns; K, the 
rate constant (function of temperature and nm); n, 
the reciprocal of the slope and constant for each 
sintering stage; and t, the sintering time in minutes. 

The dashed lines which represent the data from 
specimens sintered for 360 min or less at 1371” and 
1426 C (2500° and 2600°F) and for less than about 
100 min at 1482°C (2700°F) are parallel and the 
reciprocal of the slope (m) is 10. A change in slope 
is observed for sintering times in excess of about 
100 min at 1482 °C (2700°F) and indicates the change 
in the sintering process. This change occurs in less 
than 5 min at 1538°C (2800°F) and above; all these 
solid lines are parallel and yield a value of n equal 
to 6. Examination of the structure of specimens 
sintered for conditions when n is 10 shows that the 
specimens are in the second stage as described 
earlier, that is, the pores are located in the grain 
boundaries and are decreasing in number, size and 
are spheroidizing while grain growth is occurring 
simultaneously. Micrographs of specimens sintered 
for conditions when n is 6 show the pores are spher- 
oidized and tend to be located within the grains 
while the grains continue to grow; these specimens 
are in the third stage of sintering. There is no ap- 
preciable change in density during the third stage 
since the mechanism of eliminating the pores within 
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Fig. 3—Variation of density with grain size for specimens sintered at different temperatures and time periods. 
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Fig. 4—!sothermal grain growth for sintered chromium carbide 


the grains is probably by self-diffusion which is a 
relatively slow process. The change in structure that 
is observed for each value of n corroborates the stage 
transition as shown in Fig. 3 and the value of n can 
therefore be associated with stages of sintering. The 
lower value of n (6) indicates that grain growth 
proceeds more rapidly during the third stage of 
sintering. 

Grain growth during the sintering process appears 
to obey the Arrhenius type equation 


K = Ae 


where K is a rate constant for sintering process (Eq. 

1); A, a constant; Q, the molal energy of activation 

in cal per mol; R, the gas constant (1.99 cal per mol 

per “K); and T, the absolute temperature, “K. Thus 
Q 


In A 
RT 


For a fixed grain size (D) and a given value n or 
stage, the plot of In t against 1/T should give a 
straight line of slope Q/R. From Fig. 5 this relation 
appears to be valid for each stage of sintering (mn is 
constant). Thus, in a certain time t, at an absolute 
temperature T, and in a time t, at a different ab- 
solute temperature T. (for a constant n), a given 
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Fig. 5—Variation of sintering time to obtain average grain size of 
8.5 and 15 microns with reciprocal of absolute sintering temperature 
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Table Il. Values of Energy of Activation 


Grain Energy of 
Reciprocal Size, Activation, 
Sintering of Slope Micron Q, 
Stage Cal per Mol 
2 10 8.5 172,000 
3 6 15.0 140,000 


grain size can be obtained. The relation between 
these four quantities may be expressed as 


t, Q l l 
t R T 
The values of Q obtained from Fig. 5 are shown in 
Table II. 

During the second stage of sintering, the process 
consists of the complex mechanisms of densification 
as well as grain growth. The higher values of n (10) 
and activation energy (172,000 cal per mol) suggest 
that the pores in the grain boundaries during this 
stage act as barriers to grain growth. When n is 6 
for the third stage, the pores are within the grains 
and no longer retard the grain growth process. In 
this stage there is no appreciable densification, grain 
growth proceeds more rapidly, and the resultant 
lower value of Q may be interpreted as the activa- 
tion energy for grain growth, 


Conclusions 

The investigation of the densification and grain 
growth phenomena during the sintering of chromium 
carbide under pressure indicated that: 

1—Densification (reduction in number, size, and 
spheroidization of pores) takes place during a sec- 
ond stage of the sintering process and grain growth 
occurs simultaneously. 

2—-After densification is nearly complete (when 
pores are located within the grains) grain growth 
continues; this may be considered as a third stage 
in the sintering process. 

3—Grain growth during sintering follows the em- 
pirical equation D" Kt, where D is the grain di- 
ameter, K is a rate constant, and ¢ is the sintering 
time. A change in m is associated with the second 
and third stages of sintering. 

4—-An activation energy for grain growth during 
the third stage of sintering chromium carbide can 
be computed. 
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Deformation of Ferrite Single Crystals 


by F. L. Vogel, Jr. and R. M. Brick 


HE elementary mechanism of deformation in the 

body-centered cubic metals has been a subject of 
dispute for many years. If the problem were merely 
that of designating the crystallographic plane or 
planes of slip, the solution would have appeared long 
ago. However, there must be greater differences in 
the deformation behaviors of the body-centered and 
face-centered types than the differences in their lat- 
tices would suggest. The lines of slip formed on the 
polished surface of a strained face-centered cubic 
metal conform to glide over a single plane of the 
crystal. Slip in body-centered cubic iron, however, 
is frequently observed as curved and forked lines 
which could not possibly define a single plane of 
atoms. This alone is sufficient reason to expect dif- 
ferent modes of deformation to operate in the two 
lattice types. 

The literature in this field now has generally ac- 
cepted the proposition that {110}, {112}, or {123} 
planes will act as slip planes in iron. It is essential 
that the experimental evidence supposedly support- 
ing this proposition be critically examined. 

Taylor and Elam’ in 1926, using relatively small 
single crystals, determined the operative slip sys- 
tems by measurements of the distortion of a grid 
engraved on the specimens prior to deformation. 
Their results indicated that shearing had taken place 
in the close-packed direction on a plane adjacent to 
or coinciding with the plane of maximum shear 
which contained the slip direction. This led the 
authors to propose a theory of noncrystallographic 
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or banal slip. The authors considered an alternate 
rationalization of banal glide. Slip on two ({110} 
planes or possibly two {112} planes containing the 
same <111> direction could produce the wavy slip 
lines. By employing plane segments of varying 
widths, the integrated plane could take any position 
in the <111> zone. They rejected this explanation, 
however, feeling that the preponderance of evidence 
was against it. 

Taylor’ continued the investigation of the plas- 
ticity of the body-centered cubic lattice on £8 brass. 
He reasoned that the resistance to shearing of a 
given plane in the zone of the slip direction was a 
function of the angle between the glide plane and 
the closest (110): 


P 
F sin€ cos(x — [1] 


where F is the resistance to shear; P, the axial load 
at yielding; A, the cross sectional area; é, the angle 
between slip direction and load axis; x, the angle 
between plane of maximum shear containing the 
slip direction and the (101) pole; and w, the angle 
between observed glide plane and the (101) pole. 
Differentiating Eq. 1 and rearranging, 
dF 


tan(, — &) dy [2] 
which expresses the variation of the shear resistance 
with the angie ¥. Integrating this equation between 
the limits 0 and » yields 


In F/F, wv) dw [3] 


Here, F, is the resistance to shear of the (110) plane 
and F is the resistance to shear of a plane / degrees 
from the (110). Thus, the variation of shear re- 
sistance with w can be calculated from an experi- 
mentally measured y vs # relationship. 

Fahrenhorst and Schmid* used several methods, 
none of them involving direct observation, to deter- 
mine the glide system in ferrite. They determined 
the variation of critical resolved shear stress with 


fetan (x 
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process. Deformation was 


tending from 500°C down to 
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projection, 


ments 
uniquely that 
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slip in 
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while convenient, 
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observations of the slip in iron: 
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curred on a {123} plane in the <111 
However, the differ- 
ences in results between the alternative assumptions 
are slight and almost certainly less than the experi- 
mental error involved in obtaining the data. Equiv- 
alent results were obtained from analyses of axis 
stress-strain 
was 


no 


orientation assuming that glide had occurred: 1— 
on planes of the type 
on planes of the type {123}, and 4—on the 
noncrystallographic plane of maximum shear stress. 
They state that the assumption that slip had oc- 


» direction best 


This 


significant facts 
bear on the case of iron; viz., that at the same tem- 
perature, all three of the planes have been reported 


data 
in terms of 
(123; slip, it appears certain that their tests were 
incapable of discriminating between the alternative 


>» zone. 


and, al- 


In Barrett, Ansel, and Mehl’s extensive study of 
critical 
stress values were measured and the investigation 
was confined to a qualitative evaluation of the glide 
induced in 
specimens over a wide range of temperatures ex- 
195°C. 
the specimen shapes, the authors were able to plot 
the traces of the glide markings in only one dimen- 
represented by lines on a stereographic 

Planes of the types (110}, 
{123} were considered by this method and it was 
found that all of the 194 traces tabulated could be 
attributed to one of these three planes. The assump- 
tions of this approach, however, exclude the possi- 
bility of determining a noncrystallographic plane of 
glide and should glide have occurred this way, an 
adjacent crystal plane would have been recorded as 
responsible for the marking. When as many differ- 
ent planes as this are under consideration, a trace 
normal placed at random in the projection has a 
relatively high probability of coming close to a crys- 
tal pole within the limits of error of the measure- 
Therefore this investigation did not prove 
iron occurs on the crystal 


shear 


thin strip 


Because of 


{112}, and 


Andrade’ has concluded that in the body-centered 
cubic metals, all three of the planes {110}, {112}, and 
{123} are possible slip planes and the temperature 


viewpoint, 
which 


Chen and Maddin" induced strain in molybdenum 
single crystals at room temperature and found that 
the glide ellipse could not be accounted for by the 
indices {112} as predicted by Andrade. 
ellipses which were observed in several specimens 
took various positions along the - 
authors analyzed the asterism which appeared on 
the Laue photograms of the deformed specimens and 
concluded that slip had taken place on {110} planes 
regardless of the position of the glide ellipse. 
theory had been proposed before by Greninger and 
by Taylor and Elam. It explains two of the common 
that the glide 
plane may take any position between the {110} and 
that the glide plane will be ir- 
regular or wavy when viewed at the head of the 
ellipse and relatively straight when viewed at the 
side of the ellipse. The double {110} shear hypothe- 
sis, however, fails to explain the observed behavior 
when the plane of glide actually coincides with a 
(110) pole. Here, it would be predicted that in de- 


The glide 


The 


This 


(a) (b) (d) 


Fig. 1—Single-crystal tensile test specimens. a—Test bar 
macroetched to reveal single-crystal gage section and poly 
crystalline shoulders. b—Polished bar for tests at room tem 
perature and above. c-—Modification | for tests at 70°C 
d—Modification II for tests at —105 C 


tail the glide ellipse should be composed of only one 
type of plane, a (110), and therefore the slip line 
should be straight, regardless of where it is viewed 
with respect to the slip direction. This is not borne 
out by observations. 

The analysis by Opinsky and Smoluchowski’ of 
slip in iron is similar to Taylor’s in that the position 
of the glide plane is used to determine the relative 
resistances to shearing of planes along the zone of 
the slip direction. A cardinal point of difference be- 
tween Taylor’s approach and that of Opinsky and 
Smoluchowski is the implicit assumption of the lat- 
ter that the glide which is observed and measured 
is on a crystallographic plane, (110), (112), or 
(123). In a second paper,” Opinsky and Smoluchow- 
ski measured the ratios of the critical shear strengths 
on these planes at various temperatures on com- 
pressed silicon ferrite crystals. The results show, as 
in ref. 4, that at low temperatures there is a prefer- 
ence for {110} as the plane of glide in compression. 


Experimental Work 


Materials and Treatment: Tensile test bars with a 
Ix '4 in. diam gage section were machined from %- 
in. rods of ingot iron. Single crystals were grown in 
the gage section by the strain anneal method de- 
scribed by Stone.” The test bars were first annealed 
in helium to a ferritic grain size of ASTM 1. Each 
bar was given a uniform strain in tension of 3.7 pet 
reduction of area and returned to the helium tube 
furnace for program annealing. The temperature 
was rapidly brought to 450 C and then raised to 
880 C at an average rate of 60 C per day. The speci- 
mens were held at 880° C for several days to absorb 
some of the small crystallites distributed throughout 
the single crystals. After furnace cooling, the speci- 
mens were etched deeply with 4 pct nital to deter- 
mine which were single crystals. An average of 
about 50 pet of these trials resulted in the production 
of satisfactory single crystals. A large portion of the 
failures were bicrystals. 

Electrolytic polishing of the ingot iron was not 
feasible because of pitting around oxide inclusions 
Therefore, polishing of the single crystals was begun 
by abrading carefully through No. 600 grit Wet-or- 
Dry paper. Then, the roughly polished single crys- 
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Fig. 2—Standard pro- 
jection of all crystals 
tested in this inves- 
tigation. 


tals were annealed in helium for four days at 880°C. 
This anneal gave a fairly good polish and minimized 
strains which may have resulted from the grinding. 
Laue photograms taken of all specimens after this 
polishing treatment had undistorted spots. 

The crystals prepared in this manner were found 
to be satisfactory for the tests at room temperature 
and above. However, in preliminary tests at —70°C, 
the bars broke in the grain boundary between the 
single crystal gage section and the polycrystalline 
shoulders before yielding occurred in the single 
crystal. To eliminate this difficulty, the single-crys- 
tal bars were very carefully turned to a diameter of 
0.200 in. and a length of %% in., Fig. lc. This modifi- 
cation reduced the load necessary for yielding of the 
gage section without reducing the load-bearing 
properties of the boundary and the tests at —70°C 
were performed successfully. The crystals so modi- 
fied were helium anneal-polished at 880°C as before 
and examined by Laue back-reflection for distortion. 
Crystals which showed asterism or blurring of the 
spots were rejected. 

Preliminary tests at —105°C indicated that the 
bars which were modified for use at —70°C were 
unsatisfactory at the lower temperature with brittle 
failure again occurring in the boundary at the shoul- 
der. The gage length could be machined no more 
and therefore, a second modification was necessary. 
Fig. la shows that the single crystal extends out of 
the reduced section into the radius of the shoulder. 
New ends, \% in. in diameter, were turned on the 
bars and threaded down to the 0.200 in. gage section. 
Now, two or more turns of threads extended onto 
the single crystal above the fillet and a considerable 
portion of the load was taken off of the boundary 
zone. This second modification was made without 
any working or loading the gage section in any way 


Fig. 3—Projection of crystal 104. P., P,, specimen axis before 
and after deformation. MS., pole of maximum shear plane 
containing [111]. G.P., pole of glide plane. S.D., slip 
direction. 
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It appeared desirable to ascertain whether the 
slip behavior of iron was the same in compression as 
in tension. For that purpose, compression specimens 
were prepared by scribing a fiducial mark running 
the length of the gage sections and up onto the 
shoulders on two test bars. These were then care- 
fully cut into four single-crystal compression cylin- 
ders 14 in. in diam x '%4 in, high. The compression 
faces of each specimen were polished to reduce lat- 
eral friction forces during testing. 

Apparatus and Procedure: All tests were con- 
ducted using a universal testing machine equipped 
with an autographic load-¢ <tension recorder. The 
extension coordinate of the recorder was actuated 
by a microformer measuring the movement between 
the crossheads of the machine. While this device 
was unsatisfactory for measuring elastic strains in 
the gage length of the test bars, it was adequate for 
determining the load at which plastic flow was ini- 
tiated. A constant reproducible strain rate of 0.01 
per min was obtained by use of a strain pacer con- 
nected to the recording apparatus. 

Provision was made for surrounding the tensile 
specimens with a suitable heat transfer medium for 
tests at other than room temperature. A double 
walled vessel with external insulation was suspend- 
ed from the stationary crosshead support of the 
tensile machine. The lower specimen grip passed 
through the bottom of the vessel by means of a very 
flexible hose coupling which allowed slight mis- 
alignment of the vessel without subjecting the speci- 
men to lateral loading. Axial loading was assured 
by the use of hardened chains as loading members. 

At —105°C, Freon 12 was employed as the heat- 
transfer medium and was cooled by means of a py- 
rometrically controlled flow of liquid air through 
coils immersed in the test vessels. The temperature 
was maintained constant to +3°C. At —70°C, a 
mixture of dry ice and acetone was used and for 
100°C, distilled water was maintained at its boiling 
point by an immersion heater. At 190°C, oil was 
used as the heat transfer medium with a controlled 
input of current through a Calrod immersion unit 
supplying the necessary heat. 

Prior to testing, the orientation of each single 
crystal was determined by the Laue back-reflection 
method. In order uniquely to relate the orientation 
of the glide plane to the crystal, a line was scribed 
on the specimen as a fiducial mark of zero degrees 
azimuth to which rotations around the axis of the 
specimen could be referred. 

For a series of tests at a given temperature, single 
crystals were selected with orientations distributed 
so that the maximum shear stress would fall at sep- 
arated points along the zone of the slip direction. The 
crystals were extended to an elongation of 6 to 8 pct 
at the prescribed strain rate, removed, cleaned with 
alcohol, and dried in compressed air. A Laue photo- 
gram using the same convention as before was taken 
after each extension. In all cases, observations on 
the glide ellipses were referred to the Lauegram 
taken after deformation. These in general showed 
no asterism. 

The angles which the traces of the glide or twin- 
ning planes made with respect to the crystal axis 
and the fiducial mark were measured with a goni- 
ometer mount on the rotating stage of a Zeiss Neo- 
phot microscope. The angle of inclination of a glide 
trace with the specimen axis was obtained at azimu- 
thal positions of every 10° to 15° rotation of the 
specimen. Transferred to a stereographic projection, 
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Fig. 4—Relative position of maximum shear stress poles (dots) and 
glide plane poles (crosses) along the zone [111]. 


this series of points plotted as a great circle and the 
pole of this circle located the position of the glide 
plane, Fig. 3. Many difficulties were involved in ob- 
taining these measurements with a reasonable de- 
gree of accuracy. Preliminary tests showed that at 
least 4 pet strain was necessary to see any lines 
micrographically, i.e., at x 100 to «500 magnifica- 
tion. With small amounts of shear, the lines ap- 
peared as a field of faint, blurred striations. When 
the lines were viewed on a plane perpendicular to 
the plane containing the slip direction and specimen 
axis, the waviness became severe and only a general 
direction was evident. It is estimated that the error 
in determinations of the glide plane position in this 
work is in the vicinity of +4”. 

In the case of the compression tests, the sets of 
four specimens which had been cut from the same 
bar were cemented together with the fiducial mark 
aligned on each specimen and on the shoulders. In 
this way, each group of four specimens could be 
handled in the same manner as a tension specimen. 
Any slight misalignment would not cause errors be- 
cause the microscopic observations were referred to 
the Laue photogram taken under the same set of 
conditions. 

Determination of Plane of Glide: Fig. 2 shows the 
orientations of all crystals tested. Fig. 3 is a projec- 
tion of crystal No. 104 which is shown here to illus- 
trate the measurements which were made. The 
plane of maximum resolved shear stress containing 
the slip direction (M.S.) is the plane in the [111] 
zone having the minimum area. Its pole is located 
stereographically by projecting a great circle from 
the slip direction (S.D.) through the stress axis (P) 
onto the [111] zone. In the crystal of Fig. 3, the 
observed glide plane lies close to M.S. and on the 


same [111] zone. The locations of the glide planes, 


with respect to the crystal planes and the M.S. plane 
are summarized in Fig. 4 for all cases where the in- 
formation was obtainable. In Fig. 4, angular dis- 
tances along the [111] zone are plotted on the ab- 
cissa. The location of the maximum shear plane is 
shown by a dot and the location of the microscopi- 
cally observed glide plane by a cross. It is immedi- 
ately evident that the glide plane frequently is not 
a usual crystallographic plane nor does it conform 
to the plane of maximum shear stress. However, in 
most of the tension tests, the glide plane is close to 
the M.S. plane but inclined away from it toward the 


(101) plane. This deviation of the glide plane from 
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the plane of maximum shear is plotted in Fig. 5 as 
xy, the angle between the (101) to the glide plane. 
Now, an order to the data becomes apparent. The 
values of x vs w for a given temperature fall gen- 
erally on one curve in tension and on another curve 
in compression, Fig. 6. 

Examination of Fig. 4 shows that of the 24 crys- 
tals analyzed for slip the observed glide plane is: 


In 6 cases within 5° of (110) 
3 cases within 5° of (112) 
7 cases within 5° of (123) 
9 cases within 5 of none of the above planes 
10 cases within 5° of maximum shear stress 
plane in <111> zone. 


Therefore it is concluded that slip in ferrite crys- 
tals does not necessarily occur either on a simple 
crystallographic plane or on the plane of maximum 
shear stress. 

The selection of the glide plane in body-centered 
cubic ferrite apparently is more complicated than in 
the case of the close-packed lattices. Analyses of 
the plots of y vs w of Figs. 5 and 6 using a graphical 
integration of Eq. 3 show the relative strengths of 
planes in the <111> zone for ingot iron at 28° and 

70°C to be as given in Fig. 7. The reliability of 
these results depends on the error and scatter of 
data. 

In obtaining the location of the glide ellipse of 
Fig. 3, for example, the angular data from the mi- 
croscope were plotted on a blank sheet. After de- 
termining the location of the pole of the glide plane, 
this was superimposed on a projection of the crystal 
orientation. Taking care to eliminate conscious or 
unconscious influences on positioning of the glide 
plane, it was found that the pole of the glide plane 
was never more than 1'%° away from the {110} to 
{112} great circle. Therefore, assuming a maximum 
error of +4° to 5° along this great circle would 
seem to be conservative. 


Fig. 5—Relation be- 
tween x, angle be- 
tween (101) and max- 
imum shear stress 


15 plane, and y, angle 
x a between (101) and 
glide plane, for sin- 
gle crystals strained 
in tension. 
yu 
2 
Fig. 6—Relation be- 
tween angles , and x 14 270°C 
for single crystals 
strained in compres. 
sion. 
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Fig. 7—Ratio of force required for initial shear on any plane in the 
[111] zone to force required for shear on the (11) 


From +4100° to 105°C, there is an evident ten- 
dency for the y-” curves to lay below each other. 
Nevertheless, these , vs # plots are not necessarily 
precisely defined lines and some points are appre- 
ciably off, particularly the 190°C data points which 
appear to be out of place, This may be a result of 
strain aging of ingot iron which at 190 C would be 
very rapid and could influence the glide plane selec- 
tion 

The Taylor analysis is general and may be ap- 
plied whenever deformation takes place in a specific 
crystallographic direction. The face-centered cubic 
metals are a special case where the slip can occur 
only on the planes of close packing because their re- 
sistance to shear is so very much lower than the 
resistance of adjacent planes. 

The law of constant resolved shear stress which 
has been proven for the close-packed lattices does 
not hold in precisely the same way for the deforma- 
tion of the body-centered cubic lattice. In the latter 
case, since deformation can occur on a variety of 
planes of differing shearing strengths, the critical 
shear stress on the glide plane is a function of orien- 
tation. However, the critical shear stress on any 
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Fig. 8—Temperature dependence of critical resolved shear stress 
for ingot iron single crystals; circles represent tension tests, 
crosses represent compression tests 
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plane can be calculated so that critical stress values 
can be put on a common basis for comparison. Ex- 
cept for the selection of the plane of glide, this varia- 
tion of resistance to shearing is of minor importance 
because it is not great. For the case in tension at 
28°C (Fig. 7), the maximum variation is about 9 pct 
from (101) to (211). Estimating the accuracy of 
critical stress measurements at 10 pct, this variation 
would not be detectable by direct methods. For this 
reason, the F over F, vs / curves which were ob- 
tained from the measurements of x and & cannot be 
checked against the experimentally determined shear 
stress values. 

The treatment of the results of this investigation 
differs from Taylor’s’ on at least one major item. 
Taylor drew two curves through his , vs # points 
obtained in tension and compression, but the dis- 
tinction between the two curves was on the basis of 
orientation of the specimen axis in the basic stereo- 
graphic triangle and the direction of shearing. A 
great circle drawn from the <111> slip direction 
to the (101) pole divides the basic triangle into two 
areas. Taylor found that compression specimens fall- 
ing in one area and tension specimens in the other 
had y vs # values on one curve, and the situation 
was reversed for the other curve. Analysis shows 


Fig. 9—Macrograph of surface markings on 
specimen No. 96 after deformation at room 
temperature. X3. 


that Taylor's specimens could have been equally 
well distinguished on the sole basis of whether they 
were deformed in tensien or compression. 

A qualitative comparison can be made between 
the F/F, values obtained here and the shear stress 
ratios calculated by Opinsky and Smoluchowski. 
Their shear stress ratios are not the same in tension 
and compression at room temperature which agrees 
with this investigation. They found that in compres- 
sion, an increase in temperature produces a decrease 
in the resistance to shearing of the (112) plane with 
respect to the shearing resistance of the (110) plane. 
This compares favorably with the relative slopes of 
the two F/F, curves of Fig. 7. While the numerical 
values should not check exactly because of the dif- 
ferences of the materials, it can be seen that the 
relative orders of magnitudes of the critical shearing 
stresses are the same. For instance, 0, 1.06 
from Opinsky at 190°C compared with F/F, 1.03 
from this research. That Opinsky’s value is the 
higher is in agreement with the observation that 
silicon increases the tendency for glide to occur in 
the vicinity of the (110) pole. 

Temperature Dependence of Resistance to Shear: 
The critical shear stress values calculated from the 
observed yield point values and the glide planes and 
directions are plotted against test temperature in 
Fig. 8. These critical shear values presumably should 
not be averaged at a given temperature because as 
the value of / varies, the shear strength of the plane 


TRANSACTIONS AIME 


—_— 
19 | | | 
| om 
| 
1.0 | 
| 
| 
1.08 | 
i 
| + | 
| | | 
| | 
10, 000 | | 
| 
6,000 


o—Viewed in plane almost parallel to b—Viewed in plane 


slip direction. direction. 


Fig. 10—Slip lines on specimen 3-c (compression). X150. 


* 

“~~ a | 


> 4: 
~ 
SN 


45° from in plane perpendicular to 
plane of slip direction and specimen axis. 


Area reduced approximately 25 pct for reproduction. 


may vary. In most cases, however, the change 
brought about by converting F values to F, values 
(Eq. 3) is less than the observed scatter in critical 
shear stress values. This is another manifestation of 
the fact that F over F, ratios cannot be determined 
with sufficient accuracy by stress measurements. The 
average value of the critical resolved shear stress 
at room temperature of 6140 psi from Fig. 8 com- 
pares well with Fahrenhorst and Schmid’s value of 
6340 psi for ingot iron. 

The Yield Point: A striking correlation was ob- 
tained between the appearance of inhomogeneous 
yielding and macroscopic surface markings on these 
ingot iron crystal specimens. In tension, double yield- 
ing, or a drop in load at the start of plasticity was 
observed at room temperature and —70°C. As the 
temperature was increased, inhomogeneous yielding 
became less apparent and disappeared finally at 
190°C, where a smooth transition existed between 
the elastic and plastic states of strain. Specimens 
which showed discontinuous yielding also showed 
large surface markings, akin to the glide ellipses, 
which could be seen by the naked eye, Fig. 9. None 
of the compression specimens showed inhomogeneous 
vielding even when the tensile specimens for the 
same temperature did. In addition, it was observed 
that the tensile specimen at —105°C did not show 
a double yield point despite the fact that it would 
otherwise be predicted for this low temperature. 
Further examination revealed a difference between 
the specimens which yielded inhomogeneously and 
those which did not. The bars which were used for 
tensile tests at —70 C and above had polycrystalline 
shoulders and therefore the load was applied to the 
single-crystal gage section through polycrystalline 
material. In the compression specimens, however, 
and also in the tensile bars for —105°C, the single- 
crystal sections were loaded directly because of their 
geometry, Fig. 1d. Apparently, grain boundary mate- 
rial must exist between the single crystal and the 
area on the ends where the load is applied for in- 
homogeneous yielding. 

The homogeneous yield in the crystal without a 
grain boundary is in accord with modern theory." 
The grain boundary, when loaded, can trap and then 
later discharge to the crystal a sufficient number of 
dislocations to cause a yield point. The lower dis- 
location density of the crystal itself is insufficient 
for inhomogeneous yielding and therefore the pres- 
ence of a grain boundary is required. 

Observations on Luder’s Lines and Slip Lines: 
The yield point phenomenon caused the formation 
of Luder’s lines, as shown in Fig. 9, which after a 
strain of 1 or 2 pet were readily visible at low mag- 
nifications. At «100 or higher, however, no slip lines 
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at all were visible. The positions of the Luder’s lines 
were determined at low magnifications and the plane 
of deformation was always in the <111> zone. 
Regular slip lines became observable at x 100 when 
the crystal was re-strained to a total elongation of 
4 pet or more. It was found in all cases where the 
two sets of lines were separately measured, that the 
slip lines which developed at greater strains were 
on the same plane, within the error of determination, 
as the Luder’s lines. 

The most striking characteristic of the slip lines 
in iron is the change in their nature as the plane of 
view is changed, i.e., they are straight when the 
plane of view is nearly parallel to the slip direction 
and they are wavy when the plane of view is per- 
pendicular to the slip direction. This has received 
sufficient attention in previous papers and need not 
be amplified here. Fig. 10a, b, and c reproduces 
micrographs of the same set of slip lines taken at 
different azimuthal positions on a crystal deformed 
in tension. No change was apparent in the nature 
of the lines as either the identity of plane of slip or 
the temperature was varied, Even in the cases where 
the glide plane coincided with a crystal plane, e.g., 
the (101), waviness in the slip direction was present 
to approximately the same degree. 

There was no readily observable difference in the 
appearance of slip lines developed at different tem- 
peratures. The micrographs of Fig. 10 represent a 
specimen strained 6 pct in compression at —70°C. 
Specimens compressed or stretched an equivalent 
amount anywhere in the range —105° to +4+190°C 
showed slip lines whose spacing and degree of 
straightness were comparable to those of Fig. 10. 

An anomalous effect was noticed in the deforma- 
tion of several crystals. After extension, the colinear 
lines scribed on each of the shoulders of the test bars 
showed a relative rotation around the axis of the 
bar. In crystal No. 133, the top of the bar was 
rotated 8 with respect to the bottom in the clock- 
wise sense as the bar was viewed from the top. It 
should be mentioned here that the chains loading 
the specimen were carefully aligned before testing 
and could not apply a torsional stress but would 
permit a torsional strain if the crystal chose to de- 
form in this way. 

Twinning: Table I gives an accounting of the 
occurrence of twinning. This means of deformation 
was observed in specimens deformed at —105° and 

180°C. The twins were readily recognized and 
distinguished from slip lines by their width, regu- 
larity, and brightness or visibility. Table I shows 
that a {112} type of plane was consistently the plane 
of twinning. Measurements of the inclination of the 
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Fig. 11—Twins in 
specimen 3-D de- 
formed at —180°C. 
Notice twin starting 
at lower left corner 
reduces in thickness 
to a thin line in the 
center of micrograph. 
X300. 


twin planes were considerably easier to make than 
measurements of the glide ellipses and therefore the 
relative accuracy was improved. 

It was observed frequently that, as a long twin 
was followed around a specimen, the width some- 
times diminished gradually to a thin wavy line and 
then disappeared. There is a striking resemblance 
of the thin wavy line on a disappearing twin to the 
wavy slip lines although the connection is not ob- 
vious. This behavior can be observed in one of the 
twins in Fig. 11. 

There were other manifestations of twinning be- 
sides the microscopic. Load-elongation curves of 
crystals deformed at low temperatures where twin- 
ning occurred show an irregularity in the elastic 
region. Concurrent with each of these instantaneous 
decreases of load shown in the curves there was a 
distinct “clicking” sound. Confirmation of the con- 
nection between the clicking sound, the drops in 
load, and the microscopic occurrence of twinning is 
afforded by specimen No. 113 which, while it was 
deformed at —105°C, showed none of these evidences 
of twinning. 

Comparison of the three crystals loaded at —105°C 
provides information on the proposal that there exists 
a critical resolved stress for twinning. Crystals No. 
116 and No. 124 twinned at widely different stresses. 
In addition, an eligible piane in crystal No. 113 was 
stressed beyond the value where the other two 
specimens twinned but no twin bands were to be 
found. If the critical shear stress on the (112) plane 
were the criterion for twinning, the critical stresses 
in No. 116 and No. 124 would have been the same 


Table |. Occurrence of Twinning 


Resolved 
Speci Stress 
men on 
Nuem- Tempera- Twin Twin 
ber ture, oC Plane Plane* 
113 ‘Tension?! 105 No Twinning 16,400 
116 ‘Tension?! 105 #112) 4.140 
124 (Tension) 105 (112) 12.700 
a-D (Compression) 180 (211) 21,000 
(112) 
92-D (Compression) 180 4121) 
(211) 


* Resolved stress on twinning planes calculated assuming shear in 
a (111) type direction. In case of No. 116, where there were alter- 
nate choices of load values for plane, it was assumed that the most 
highly stressed plane sheared first. Resolved stresses could not be 


calculated for 92-D because of the multiplicity of operative planes 
The resolved stress listed for No. 113 is the value for the most 
highly stressed (112) type plane at the yield point. 
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and No. 113 would have shown evidence of twinning, 
so it must be concluded that this is not the criterion. 


Conclusions 


From experiments on the deformation of ingot 
iron single crystals it may be concluded that: 
1—Plastic deformation occurs by apparent glide 
in the <111> direction on a plane, not necessarily 
crystallographically significant, whose identity is de- 
termined by two factors: 
a—The orientation of the crystal with respect to 
the stress axis 
b—The variation of the resistance to shear of the 
planes containing the <111> glide direction. 
The interrelation of these two factors is a func- 
tion of temperature and direction of stress ap- 
plication although the data here for ingot iron 
are not sufficient to delineate these factors 
with certainty. 
2—The critical stress necessary to produce shear 
on the glide plane increases sharply below room 
temperature. From room temperature to 200 C the 
change is slight. 
3—The junction of the single crystal and poly- 
crystalline shoulders of these ingot iron specimens 
is a grain boundary region of pronounced brittle- 
ness at low temperatures. 
4—Inhomogeneous yielding may occur at room 
temperature and below when an ingot iron single 
crystal is stressed through the grain boundary junc- 
tion. Luder’s lines appear in the single crystal con- 
currently with the inhomogeneous yield. 
5—For static tensile strain rates, twin bands ap- 
pear on planes of the type (112) for specimens de- 
formed at —105°C or below. The criterion for twin- 
ning on the (112) plane is not a critical resolved 
shear stress. 
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| ge attempting to extend vapor pressure measure- 
ments of the type previously reported by Schadel 
and Birchenall’ for silver and by Schadel, Derge, 
and Birchenall’ for silver-silicon to other systems, it 
was observed that the materials melted at indicated 
temperatures 10° to 15° below their accepted melt- 
ing points. Further investigation revealed that the 
thermocouple readings were in error due to appre- 
ciable conduction losses along the reference thermo- 
couple wires. If the wire diameter of the reference 
couple inserted into the Knudsen cell was reduced, 
the correction for the indicating couple changed in 
a manner tending to explain the melting behavior. 
When extrapolated to zero wire diameter from 
measurements with several reference thermocouples 
of different wire thickness, the melting point of sil- 
ver then agreed with the indicated temperature at 
which silver chips were observed to coalesce into a 
sphere. Approximately the same calibration was 
given by observing the melting of small wires of 
silver or gold in the Knudsen cell connected in series 
with an ammeter, where the leads into the cell were 
very fine in order to minimize heat conduction. 

Unfortunately neither of these methods seemed to 
yield a sufficiently precise temperature calibration 
to match the apparent precision of the other aspects 
of the vapor pressure measurement. It was decided, 
therefore, to redetermine the vapor pressure of sil- 
ver in another setup under conditions permitting 
precise temperature measurement. The vapor pres- 
sure of pure silver could then be used as an internal 
calibration of temperature in the older unit in mak- 
ing runs on alloys. This has been done; the present 
report is a correction to ref. 1. 


Experimental Procedure 

The apparatus, shown in Fig. 1, was very similar 
to that employed by Harteck,* except that the orifice 
sizes were smaller and the residual pressure in the 
vacuum system was probably much lower. A small, 
sharp-edged hole, nearly circular in shape, was 
ground into the rounded end of a quartz tube. The 
orifice area was then measured by tracing the image 
at known magnification on graph paper and counting 
the squares enclosed. The silver specimen was 
sealed into the tube to raake a Knudsen cell. A tan- 
talum jacket surrounding the cell served to increase 
the uniformity of temperature. This assembly was 
placed in the bottom of a long quartz tube with an 
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Vapor Pressure of Silver 


by C. Law McCabe and C. Ernest Birchenall 


SILICA TUBE 


Fig. 1—Cross section 
of apparatus show- 
ing position of there PT-PT RH 
mocouple relative to THERMOCOUPLE 


cell. 
“TANTALUM 


SILICA CELL 


PROOF Ag 


inside diameter of about | in., which was connected 
to the vacuum system through a ground joint sealed 
with picein wax well removed from the furnace. A 
thermocouple tube inserted through the top of the 
vacuum line reached into the tantalum jacket so 
that the thermocouple junction was immediately ad- 
jacent to the Knudsen cell except for the protection 
tube wall. A resistance furnace could be raised to 
cover the end of the quartz tube containing the cell 
in such a way that the cell was in the uniform tem- 
perature zone 13 in. from the end of the furnace. An 
ionization gage was included in the vacuum system 
in the cold lines of wide diameter, immediately be- 
yond the ground joint. The vacuum system con- 
sisted of a mercury one-stage diffusion pump, 
backed by a Welch duo-seal mechanical pump. The 
pumps were separated from the reactor chamber by 
a dry ice trap. The ionization gage always read less 
than 10° mm Hg after initial outgassing and before 
each run was started. 

Each newly filled Knudsen cell was evacuated at 
high temperature overnight before the first weigh- 
ing was made. The cell was returned to the system, 
heated for a measured time at constant temperature, 
cooled, and reweighed. The heating and cooling 
times were quite short since the hot furnace was 
raised to receive the reactor at the beginning of the 
run and removed again at the end. The tube heated 
or cooled quickly. The total mass loss was attributed 
entirely to effusion of silver vapor from the quartz 
cell, since empty quartz cells maintained constant 
mass through similar heating cycles. The vaporized 
silver condensed on the cold walls of the quartz tube 
extending above the furnace. 

Earlier studies in the induction heated unit had 
shown that the same vapor pressure was found for 
silver, whether the silver was in contact with the 
tantalum metal cell or with porcelain or quartz 
liners. 

The Pt-Pt-10 pct Rh thermocouple was calibrated 
against a secondary standard of the same material 
and found to agree with the published tables. Al- 
ways operating in air at temperatures below 1000°C, 
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Fig. 2—Vapor pressure of silver vs 1/T 


there was no evidence of couple deterioration. The 
calibration after the runs checked the initial calibra- 
tion 

The silver metal was obtained from the U. S. Mint 
as proof silver, 99.99 + pet Ag. No further analyses 
were made 

Data and Calculations 

Table I gives the pertinent experimental data 
the orifice area, a, the temperature, T, the time, ¢, 
and the weight loss, G. From these data the pres- 
sure, p, may be calculated by the equation for effu- 
sion through an orifice 

Gy 
at. M 


bp 


where R is the gas constant and M is the molecular 
weight of the effusing vapor. Care was taken in 
these measurements to keep the orifice diameter 


Table |. Vapor Pressure of Silver 
Tempera- 
Orifice ture. Time. Wt Loss. Pressure, 
Area, Sq Cm “RK Min Gram Ag Mm Hg 
Solid Silver 
0.011725 1133 6020 0.0177 2.32x10 * 


0.011725 114% 4825 0.0186 3.06x10 


1171 4590 0.0183 6.10x10 * 
0 00643 1183 6832 0.0382 822x10-* 
0.00645 1204 6850 0.0600 1.30x10-* 
0 00645 1213 4385 0.0477 1.62x10 
0.00645 1223 2540 0.0337 1.98x10* 
0.00170 1224 8510 0.0304 2.05x10* 
Liquid Silver 
0.00170 1235 5835 0.0268 2.60x104 
0.00170 1245 3980 0.0228 
0.00179 1253 4175 0.0278 $.83x10-* 
0.00170 1263.5 4090 0.0347 4.89x10* 
0.00170 1273 2980 0.0310 6.01x10" 
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very small compared with the mean free path of the 
silver atoms. 

Since the range of temperatures was not as great 
as in the previous study, it was felt that the vapor 
pressure curves might be established best in the 
following way. The liquid points reported here and 
those of von Wartenberg' and Fisher’ were plotted 
as log p against the reciprocal of the absolute tem- 
perature, Fig. 2. The most satisfactory straight line 
was drawn through these points; there is no ap- 
parent systematic deviation. Using the Clapeyron- 


10 


TT 


| 


VAPOR PRESSURE OF SILVER (mm. Hg) 


8 


x 10° 


Fig. 3—Vopor pressure of silver vs 1/T. See text for manner in 
which line was drawn 


Clausius equation, the heat of vaporization was cal- 
culated to be 62.60 kcal per gram atom. To find the 
slope of the vapor pressure line for solid silver, the 
latent heat of fusion, 2.86 kcal per gram atom given 
by Kelley,” was added to the heat of vaporization. 
The heat of sublimation is then 65.46 kcal per gram 
atom. This value and the vapor pressure at the 
melting point, 2.51x10° mm of Hg, taken from the 
liquid curve, uniquely determine the vapor pressure 
line for the solid. This line was drawn in Fig. 3, and 
the experimental points were plotted on it for com- 
parison. The agreement is seen to be excellent. The 
precision of these measurements seems to be some- 
what better than that in the previous study. 

The vapor pressure equations are for liquid silver 


62,600 
log p ~- 8.496 
2.303 RT 
and for solid silver 
65,460 
log p 9.003 


2.303 RT 


where p is in mm of Hg and R is 1.986 cal per mol 
per degree. 


When 3H... the heat of vaporization at absolute 
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zero, is calculated for the points in this study, a 
value of 67.87 + 0.10 keal per gram atom is ob- 
tained. The von Wartenberg and Fisher points only 
give 68.07 + 0.44, in good agreement. The average 
for all points is 68.02 + 0.29 compared with a pre- 
viously reported value of 67.71 + 0.57. Since the 
vapor pressures are about 40 pct lower than the 
earlier ones, while SH. has changed little in value 
and apparent precision, it must be concluded that 
this is not a particularly sensitive test for vapor 
pressure data 

Harteck’s’ points are still about 30 pct below the 
present data. However, this discrepancy is of the 
order to be expected from using too large an orifice 
and failure to obtain a good enough vacuum. The 
possibility of some other source exists, however, for 
a comparison of Harteck’s values for gold in the 
same series of measurements with the recent work 
of Hall finds Harteck too low by a factor of almost 
6. Since gold had a much lower vapor pressure than 
silver in Harteck’s measurements, the mean free 
path condition was probably not violated by too 


large an orifice. The only obvious source of this dis- 
crepancy lies in a very poor vacuum. 
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Vapor Pressure of Silver Over Silver-Gold Solid Solutions 


McCabe, H. M. Schadel, Jr, and ( 


Birchenall 


Vapor pressure of silver over silver-gold alloys has been measured 
over a range of temperatures for four compositions. Orifice effu- 
sion has been compared with electromotive force measurement as a 
means for determining thermodynamic activities in these solid 
metallic alloys. Correlated activity coefficients are given for silver- 
gold alloys for the temperature range 200° to 1000°C. 


OUND development of a technique for the meas- 
urement of some property of matter requires a 
comparison with other recognized procedures which 
have been used to measure the same property. Such 
a check is especially useful if the assumptions on 
which the applications stand are basically different 
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for the two methods. Agreement in the results tends 
to confirm both sets of assumptions. 

The electromotive force method for determining 
thermodynamic activities depends upon the reversi- 
bility of the electrode processes and a knowledge of 
the valence states involved. The orifice effusion 
technique of determining vapor pressures requires 
that certain mean free path conditions be met, that 
the state of association of the vapor be known, and 
that efficient collection of vapors be maintained. 
Thus the requirements are quite different in nature. 
Although procedures often exist by which the fulfill- 
ment of these conditions may be tested internally, 
agreement of thermodynamic activities for a single 
system obtained by both methods constitutes a more 
severe test of the assumptions. 

The binary alloy system silver-gold is excellent 
for this purpose for several series of emf measure- 
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Fig. 1—Activity coefficient of silver in silver-gold alloys vs 
atomic fraction of silver based on emf measurements. 900 
and 1000° values obtained by extrapolation 


ACTIVITY COEFFICIENT OF SILVER 


ments have been made over wide temperature and 
composition ranges using various electrolytes.’ * Sil- 
ver, the more electropositive component, has only 
the monovalent and neutral atom as likely states. 
Furthermore, silver is the more volatile component 
which makes it possible to determine silver activities 
directly by both emf and vapor pressure methods 

In principle, Hall's’ vapor pressure determinations 
for gold over gold-copper alloys could have been 
used for a similar comparison with the emf data’ 
for those alloys. However, the latter data gave cop- 
per activities while the former yielded gold activi- 
ties. Neither set of data was consistent enough to 
make possible an integration of the Gibbs-Duhem 
equation. Consequently no quantitative comparison 
was made 

Lumsden’ has carried out several comparisons of 
emf and vapor pressure data (though the latter are 
not orifice effusion measurements) and finds that 
satisfactory correlations may be obtained. 


Experimental 

The apparatus employed was identical to that 
used in previous studies,” ° while the procedure was 
similar to that used in the silver-silicon measure- 
ments except that a preliminary period of annealing 
in situ was required to homogenize the solid silver- 
gold beads, which was unnecessary for the liquid 
silver-silicon. Since much more silver than gold* 

Gold in the vapor phase can interfere with the measu rement of 
the silver vapor pressure in two ways change the mean free 
path flor silver vapor, and 2. change the self-absorption of radio 
activity significantly in the condensed sample on the target. To do 
the first, the gold vapor pressure in the chamber would have to be 
greater than the silver vapor pressure for the orifice sizes emploved 
here. To do the second, the weight of gold on the target would 
have to be an appreciable fraction of the total sample weight. Since 
the vapor pressure of gold ts less than that of silver, the effect of 
gold on the measurements may be safely neglected under these 
particular conditions 
was vaporized during the runs, the change in weight 
over a series of measurements was attributed entire- 
ly to silver loss in computing the concentration 
change. This range of concentration is given for each 
of the four series of alloy measurements in Table I. 
An assay for gold was made on a sample taken after 
each series. These analyses are the basis of the 
average compositions reported, although they are 
adjusted to the middle of the range derived from the 
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weight change. Since the alloy samples analyzed 
were quite small, 0.03 to 0.04 g, the average compo- 
sitions may be in error by several tenths of a per- 
cent. At the present stage of development, this is 
probably not the only appreciable source of error. 

Fine gold and proof silver from the U. S. Mint 
were used in making the alloys. The silver was 
mixed with active silver in aqueous nitrate solution. 
It was precipitated as the chloride and reduced to 
metal in hydrogen. 

Pure silver was run at the start and between the 
second and third series to establish the temperature 
calibration. The apparent temperatures were ad- 
justed to bring the silver vapor pressure curves into 
coincidence with those previously reported.” These 
temperature corrections were then applied to the 
alloy measurements. The corrected data are given 
in Table I. The silver calibration runs are included 


Table |. Vapor Pressures of Silver over Silver-Gold Alloys 


Tempera- 


Tempera- 
ture, °K 


ture, °K Pin Mm Hg 


Pin Mm Hg 


Pure silver for temperature 
calibration for 62.0 and 77.5 
pet alloy series 


Pure silver for temperature 
calibration for 19.5 and 38.0 
pet alloy series 


1078 464x 10 ‘s) 1160 4.88 x 10+ 
1104 1.01 x 10-* 1184 9.33 x 10-+ 
1111 1.58 x 10+ 1187 857 x 10+ 
1136 2.18x 10+ 1196 1.05 x 10-4 
1150 3.67x 10+ 1205 1.36 x 10" 
1159 484x10° 1206 1.37 x 10-4 
1166 4.73 x 10+ 1208 130x104 
1177 7.20x 10- 1216 1.78 x 
1193 9.95 x 10+ 1227 227x104 
1200 1.23x 1228 2.27x 10° 
1217 185 x 10% 

1225 200x108 (1) 1238 2.82 x 104 
1241 3.36 x 10% 

(1) 1234 245x10°* 1248 3.71 x 104 
1235 2.76x 10-8 1250 3.32 x 10-4 
1240 3.00 x 10-4 1251 4.10 x 10-4 
1249 3.67 x 1261 461x110" 
1251 3.58 x 10-4 1273 653x104 
1267 499x 10% 1284 661x104 
1280 642x 10° 
1287 627x104 
1298 9.10x 10" 

1310 1.19x 10 
1317 1.25 x 
1336 2.03 x 10° 
19.5° atomic pet silver 
38.8; atomic pet silver 
1195 8.00 x 10 
1195 8.02 x 10 1127 3.91 x 10 
1215 146x 10+ 1143 6.80 x 10 
1223 146x 10* 1156 8.77 x 10° 
1233 2.12x 10+ 1176 164x 
1243 2.32 x 10+ 1176 1.96x 10+ 
1252 3.19x 1190 2.30 x 10+ 
1261 4.11x 10" 1204 3.20x 10-4 
1270 5.36 x 10+ 1223 5.12x 10+ 
1280 6.20x 10+ 1233 6.05 x 10-* 
1298 8.16x 10+ 1238 7.52x 
1308 942x 1243 6.22x10* 
1317 117x104 1252 931x104 
1319 136x 10" 1271 146x 10% 
1327 160x 10° 1271 1.78x 10° 
1336 198x 10° 1284 2.04x 10% 
1298 2.67x 10° 
1307 447x104 
62.0) atomic pet silver 1320 491x104 
1327 4.78x 104 
1173 278x 10° 1331 4.31x 104 
1179 +89x 10° 1339 5.95x 10" 
1184 10+ 1354 763x104 
1195 
1206 562x 10° 
1206 668x 10 77.5§ atomic pet silver 
1207 5.80 x 
1216 7.75x 10+ 1141 2.19x 10+ 
1227 945x 10+ 1152 3.84x 
1238 1.16x 1155 4.30 x 10+ 
1241 1.78x 10% 1173 4.67x 10+ 
1242 142x 10" 1195 6.76x 10+ 
1246 1.42x 1206 8.26 x 
1248 1.55 x 104 1214 982x 10+ 
1248 186x104 1226 137x104 
1251 1.58x 10% 1237 2.08 x 10 
1262 191x104 1248 2.22 x 104 
1272 227x104 1259 2.78x 104 
1285 285x 10° 1271 348x104 


*20.3 to 18.7. + 41.8 to 35.8. {62.5 to 61.5. § 78.4 to 76.6 
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so that the precision of temperature measurement 
by this method may be judged. 


Discussion 

Since the emf and vapor measurements cover dif- 
ferent ranges of temperature, it was necessary to 
correlate one set of data or the other in order to 
make the extrapolation required. The emf data are 
more plentiful and from several sources, so these 
were chosen for the extrapolation. 

Plotting log y vs 1/T for the results of Wachter at 
200 C, Wagner and Englehardt over the range 393 
to 746 C, and Kubaschewski and Huchler over the 
range 304 to 629 C permits estimation of the lines 
corresponding to the average compositions used in 
the vapor pressure measurements. The lines chosen 
could not have been changed very much and still 
remained consistent with the pattern of experimen- 
tal points as a consequence of the large number of 
points available rather than the precision of each 
point. 

When the emf data were extrapolated by the 
method described in the preceding paragraph to the 
higher tempevature range in which vapor pressures 
have been measured, activity coefficients were read 
off as a function of temperature. These extrapolated 
activity coefficients are represented in Fig. 1 by the 
900° and 1000°C lines, while the lines for 350°, 500°, 
and 700 C are based on the results of Kubaschewski 
and Huchler and of Wagner and Englehardt, the 
200 C line being that given by Wachter. They prob- 
ably represent as good a set of internally consistent 
activity coefficients as the present data will yield. 

Combining these activity coefficients with the 
known vapor pressures of pure solid silver” (given 
in Fig. 2 as the 100 atomic pet Ag line), vapor pres- 
sure curves for 77.5, 62.0, 38.8, and 19.5 atomic pct 
Ag have been calculated. These lines are drawn in 
Fig. 2 and are derived from the emf data. The ex- 
perimental vapor pressures determined here are 
plotted on the same diagram for comparison. It is 
evident that the agreement is us good as can be ex- 
pected in view of the experimental uncertainties. 
Deviations occur in both directions to about the 
same extent. 

It is difficult to compare the relative precision ob- 
tainable for a single measurement by the emf and 
vapor pressure methods as they have been employed 
for studies on silver-gold. In the several emf studies 
different compositions and temperatures have been 
used, although in a few cases both are close enough 
to warrant a direct comparison. For instance, at 
404 C Wagner and Englehardt’s measurements give 
an activity coefficient of 0.227 for an alloy of 0.240 
atomic fraction silver. At 400°C Kubaschewski and 
Huchler’s data yield activity coefficients of 0.262 for 
atomic fraction 0.234 and 0.253 for atomic fraction 
0.2865. Except for very low atomic fractions of silver 
where the discrepancies are also very large, the 
values cited represent one of the largest deviations 
between the two sets, a difference of about 15 pet. 
Each of these emf activity coefficients is based upon 
a series of actual emf measurements for the same 
cell at a series of temperatures. Thus, although 
single vapor pressure points have given activity co- 
efficients deviating from other measurements at the 
same composition and temperature by up to 40 pct, 
the precision of measuring a single vapor pressure 
or the emf of a cell cannot be very different. 

While it is probable that the precision of the 
vapor pressure method can be improved consider- 
ably in subsequent studies, the extended application 
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Fig. 2—Vapor pressure of silver over silver-gold alloys vs 1/T. 
Solid lines calculated from vapor pressure of pure silver and activ- 
ity coefficients from emt data. Experimental points from vapor 
pressure measurements reported here. 


of the Knudsen orifice effusion technique would be 
justified even without improved precision, because 
it is applicable rigorously to cases in which the use 
of the emf method is doubtful or impossible. This 
study should demonstrate that both procedures yield 
the same thermodynamic information when the 
assumed limitations are not exceeded. 
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by A fe Chaudhuri, N 


OST of the recent work to establish the mech- 
anism of creep in metals at high temperatures 
has utilized aluminum as the experimental material. 
It was thought desirable to initiate an investigation 
of a hexagonal close-packed metal, because of the 
relatively simple slip system, and compare the ob- 
served deformation characteristics with those that 
have been observed for the face-centerd cubic metals. 
High-purity magnesium was chosen for this purpose, 
first, because its strength and other mechanical prop- 
erties are similar to those of aluminum in the same 
temperature range, and second, because the existing 
equipment was ideally suited to observe magnesium 
during creep. It is proposed in this paper to present 
a pictorial and qualitative account of the changes 
that high-purity magnesium undergoes during creep 
at 500°F, 

The characteristics of deformation of aluminum 
described below have been observed by various 
workers and accounts of these may be obtained from 
the papers of Chang and Grant.’ * These character- 
istics are: slip, subgrain formation, grain boundary 
sliding and migration, fold formation, deformation 
bands, and kink bands 

It is well known that in a flat magnesium speci- 
men, slip on the basal plane (0001) in the [1120] 
direction results in the formation of straight bands 
on the surface of the specimen. Schmid and co- 
workers’ have shown that this system is operative 
in the temperature range of —185° to 300°C (—300 
to 572° F). They have also shown that a second sys- 
tem, slip on the pyramidal planes {1011} or (1012; 
in the | 1120} direction, is operative at temperatures 
higher than 225 C (437 F). Between 225° and 300°C 
(437 to 572°F), therefore, deformation by both 
these systems is expected. Bakarian and Mathewson 
confirmed the occurrence of pyramidal slip on the 
{1011} plane and found that it resulted in irregular 
markings on the surfaces of their specimens. Burke 
and Hibbard" obtained evidence of pyramidal slip 
in single crystals of magnesium deformed at room 
temperature. Bakariam and Mathewson . suggested 
that the irregular appearance of these bands was 
due to slip on both of the pyramidal planes occur- 
ring simultaneously but in the same direction, the 
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Metallographic Observations of the Deformation Of 
High-Purity Magnesium in Creep at 500°F 
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close angular relationship between the planes mak- 
ing this process possible. Furthermore, since neither 
of these planes is close enough to the basal plane, 
slip on the latter does not exhibit the irregular ap- 
pearance of slip bands resulting from pyramidal slip. 


Experimental Procedure 

High-purity magnesium, supplied by the Dow 
Chemical Co., was used in these experiments. The 
analysis was as follows: Al, 0.0002 pct; Mn, 0.0018; 
Fe, 0.0024; Cu, 0.0002; Sn, 0.001; Ca, 0.01; Ni, 0.0003; 
Zn, 0.01; Pb, 0.0005; Si, 0.001; and Mg, 99.972. The 
magnesium was supplied in the form of '% in. diam 
rods. The specimens had an overall length of 2% in., 
the round ends being threaded to fit the specimen 
holders. The previously round 3/16 in. diam gage 
section of the specimen had two parallel flats ma- 
chined on opposite sides for microscopic observation, 
yielding a test zone having the dimensions of 
1x3/16x7/64 in. 

The specimens were electrolytically polished 
(without prior mechanical polishing of the machined 
flats), in a solution composed of 375 ml of ortho- 
phosphoric acid and 625 ml of ethyl alcohol. The 
cathode was a stainless steel sheet bent so that the 
specimen was completely surrounded. The voltage 
for successful polishing was 1.5 v at 100 to 360 milli- 
amp current. Electropolishing for about 45 min suf- 
ficed to obtain a good metallographic surface on the 
specimens after they had been machined. 

The creep tests were performed under constant 
load, and two types of equipment were used. In the 
first, designed by Servi and Grant, the specimens 
were beam-loaded, and a furnace could be lowered 
to surround the specimen. As the microstructural 
changes could not be observed during the course of 
the test, the tests had to be interrupted periodically 
by removing the specimen for microscopic examina- 
tion. The second unit was a high temperature micro- 
scopy furnace designed by Chang and Grant.’ The 
furnace was fitted with an optically flat quartz 
window having area dimensions 1.25x0.5 in., so that 
the whole test portion could be viewed through it 
at magnifications up to 240. The metallurgical 
microscope had three mutually perpendicular axes 
of motion, and, in addition, it was possible to measure 
angular displacements by rotation of the eyepiece. 
It was thus possible to make precise observations of 
the specimen during creep, and micrographs could 
be taken by attaching a camera to the eyepiece of 
the microscope. 

The average grain size of the specimens that were 
tested was about 1 to 3 mm. This grain size could 


TRANSACTIONS AIME 


Fig. 1—An example of the 
branching and forking of the 
pyramidal slip bands. Detorma- 
tion by basal slip is also evi- 
dent. Extension 10.6 pct. X50 
Area reduced approximately 
60 pct for reproduction. 


be attained by annealing the specimens at 1100 F 
for about 15 hr. However, the grain size was never 
uniform throughout any one specimen, and even 
varied among specimens given the same treatment. 

During annealing the specimens were enclosed in 
a Magnesium capsule and the capsule placed in a 
steel cylinder closed at the two ends with screwed 
on caps. The high vapor pressure of magnesium 
resulted in a certain amount of pitting of the speci- 
men. The surface could, however, be smoothed suf- 
ficiently by electropolishing after annealing so as to 
be suitable for metallographic examination. It was 
observed at 500°F, during creep testing, that very 
small shallow pits were formed on the surface. In 
addition to being distributed over the specimen sur- 
face, the pits tended to concentrate in the more 
highly deformed regions such as grain boundaries, 
slip bands, etc. It was suggested by Roberts’ that 
these pits were likely to be oxidation pits. 

The micrographs shown were taken from the 
polished and deformed specimens, as the surface 
irregularities caused by creep deformation were suf- 
ficient to reveal the structure. The results given be- 
low are from tests made under constant load at a 
temperature of 500°F. The stress range varied from 
570 to 690 psi. The tests were made in air. The 
micrographs presented are arranged so that the di- 
rection of tension runs from the top to the bottom. 


Results and Discussion 


Pyramidal Slip: Markings similar to those ob- 
served by Bakarian and Mathewson’ and caused, 
according to them, by pyramidal slip, have been 
found on deformed specimens in the present work. 
It must be emphasized that the terminology “pyram- 
idal slip bands” given to these markings is based 
solely on the metallographic similarity they have 
to markings observed by Bakarian and Mathewson. 
They also determined the plane and direction of this 
type of pyramidal slip band which resulted in these 


markings. Sometimes these markings are formed in 
grains in which basal plane slip bands may also be 
seen, as for example in Fig. 1. Bands resulting from 
pyramidal slip, in contrast to the sharp straight 
bands of basal plane slip are not straight, and con- 
sist of broad irregular bands, sometimes Showing a 
considerable amount of branching and forking. In 
any one grain these bands have more or less the 
same direction, although the spacing between them 
varied and was greater than the basal plane slip 
spacing. 

As a rule, these pyramidal slip bands in a grain 
tended to terminate at a grain boundary. At times, 
however, it appeared as if the bands in any one grain 
crossed a grain boundary and formed also in the 
neighboring grain, apparently without any change 
of direction. This is illustrated in Fig. 2. Since this 
type of slip band is rather wavy, it is difficult to 
determine whether the slip bands in any one grain 
are the continuation of the slip bands in the other, 
i.e., whether they obey the restrictions imposed by 
a change in orientation. Of course, if the orientation 
of the neighboring grains is nearly the same, it is 
possible that slip occurring in one grain will not stop 
at the boundary, but will initiate slip in the neigh- 
boring grain. In Fig. 2 it appears from the course 
of the basal slip bands that the grains are of similar 
orientation. A similar behavior of slip bands across 
grains of like orientation was found by Chang and 
Grant’ during the creep deformation of aluminum. 

The progressive growth of pyramidal slip bands 
in a grain was followed microscopically throughout 
a test, with the final result in Fig. 3. These markings 
were noted to originate in the body of grain A at 1 
and then advanced toward the grain boundary be- 
tween grains A and B. On approaching the boundary, 
instead of crossing it, the individual bands split into 
many finer ones, resulting in extensive branching 
and localized nonhomogeneous deformation in this 
zone. Furthermore, the force exerted on the boundary 
by the impact of the slip bands was accommodated 
in grain B by subgrain formation near the bound- 
aries of grains A and B, and in grain A by unusually 
heterogeneous branching of the slip bands. 

Twinning: It is well known that twinning is one 
of the mechanisms by which magnesium and other 
hexagonal metals deform. In the creep experiments 
described it was found in some cases that a twin, 
after forming, appeared to be gradually disappear- 
ing. This process, unlike that of the first appearance 
of a twin, which in most cases is sudden, was a pro- 
gressive one. A series of micrographs illustrating 
this are shown in Fig. 4. The traces of the original 
twin boundary were made more discernible because 
of pits which formed during the test and lay along 
these boundaries. 


Fig. 2—(left) Shows three grains A, B and C 
with pyramida! slip bands running apparently 
continuously across the boundary between grains 
A and C. The course of the basal slip bands in 
the three grains indicates that the grains are of 
nearly similar orientations, Extension 4.7 pct 
X75. Area reduced approximately 60 pct for 


reproduction 


Fig. 3 (right) The pyramidal slip bands started 
at | in grain A and advanced toward the grain 
boundary, branching into many slip bands, caus 
ing inhomogeneous deformation and the forma 
tion of subgrains in grain B. Extension 3.4 pct 
X50. Area reduced approximately 60 pct for 


reproduction 
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o—Extension 4.7 pct in 20 hr 


b—Extension 10.6 pct in 34 hr. 


c—Extension 15.2 pct in 56.5 hr 


Fig. 4—Shows growth of twins and untwinning during creep. Twins 1, 2, and 3 grow thinner, 6 gets shorter and 7 disappears while 
over the same time interval twin 4 gets larger. Note pit demarkation of twins. Pyramidal slip bands (5) may also be noted. X75 


Area reduced approximately 60 pct for reproduction 


a—Extension 4.7 pct in 20 hr. 


b—Extension 10.6 pct in 34 hr. 


c—Extension 15.2 pct in 56.5 hr. 


Fig. 5—Shows growth of twins 1 and 2 (grain A), 3 and 4 (grain B),and 5 (grain C). Twin 5 is practically a continuation of 2, since 
basal slip bands in grains A and C suggest these grains are of nearly the same orientations. X50. Area reduced approximately 


60 pct for reproduction 


Evidence of the growth of twins and of the un- 
twinning of twins had previously been observed by 
Jillson” during the compression of cleaved zinc single 
crystals, and the growth of twins was observed in 
continually deformed zine by Burke.” 

Another feature observed in regard to twins 
formed during deformation is their growth both in 
length and in width after the initial appearance and, 
as may be seen from Fig. 5, this process of growth 
is also a progressive one. As a rule, the growth of 
twins and the untwinning of twins were observed 
individually in different grains. In some cases, how- 
ever, as for example Fig. 4, both these mechanisms 
were observed to take place during the same time 
interval in the same grain. A further example of 
the appearance and growth of a twin is shown in 


Fig. 9. 
‘4 


Fig. 6—Grain boundary migration may be 
seen along the boundaries of grains A and 
B, A and C, and C and D. The formation 
of folds 1 (grain D) and 2 (grain C) is 
shown. Subgrain boundaries (3) are also 
shown. Extension 8.6 pct. X75. Area re- 
duced approximately 60 pct for reproduc- 
tron. 
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Grain Boundary Migration: Considerable infor- 
mation has been accumulated by Servi and Grant 
and by Chang and Grant,’* during work on alu- 
minum on the sliding and migration of grain bound- 
aries during creep. These data were obtained at 
temperatures higher than those at which the present 
tests were run on magnesium; nevertheless, move- 
ments of portions of the grain boundaries have been 
detected during creep, an example of which is shown 
in Fig. 6. 

Most of the cases where grain boundary migration 
was encountered took place near the points where 
three grains met. Fig. 7, however, shows an instance 
of the migration of the whole length of a boundary. 
It is presumed that at higher temperatures, when 
higher diffusion rates permit greater atomic mo- 
bility, the amounts of grain boundary migration ob- 
served will be greater. 

In general, migration was observed along bound- 
aries that were at 45° to the axis of tension; this is 
in agreement with the fact that the resolved com- 
ponent of the imposed stress is a maximum along a 
plane at 45° to the direction of the stress. In Fig. 7, 
migration may be seen to occur along three bound- 
aries; two of which are at about 45° to the direction 
of tension and the third almost paraliel to it. The 
migration of the third boundary could be explained 
on the basis that its migration was required in order 
to accommodate the strains due to the migration of 
the other two more favorably disposed boundaries. 
This picture also shows that grain A has deformed 
considerably by pyramidal slip. 

After the creep-deformed specimens were electro- 
polished, in those regions in which the above- 
mentioned shifting had occurred, the grain bound- 
aries which were originally straight appeared wavy. 
The new boundaries followed the path formed as a 
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Fig. 7 (left) Boundary migra- 
tion along the boundaries 1, 2, 
and 3. Considerable deforma- 
tion in grain A due to extensive 
pyramidal slip is evident. Ex- 
tension 3.7 pct. X75. Area re- 
duced approximately 60 pct 
for reproduction 


Fig. 8—Shows a grain A with folds | and 2, 
stretching from the two triple points well 
into the grain. The white lines are subgrain 
boundaries formed in the body of the grain 
Extension 8.6 pct. X150. Area reduced ap- 
proximately 60 pct for reproduction 


result of shifting of the old boundary, but remained 
straight where there had been no movement. 

A feature associated with grain boundary migra- 
tion that has been observed in aluminum, namely, 
the formation of folds, was also observed in mag- 
nesium specimens during creep. As is shown in Figs. 
6 and 8, fold formation takes place at triple points, 
taking the form of an extension of one or more of 
the slid grain boundaries into the opposite grains. 
Chang and Grant’ have shown that fold formation 
is necessary to accommodate grain boundary sliding 
which occurs prior to the migration of the boundary. 
The length of these folds was small, as a rule, as for 
example the folds 1 and 2 in grains C and D in Fig. 
6, suggesting that only small amounts of sliding took 
place. In some cases, however, the folds penetrated 
a fair distance into the grain, as shown in Fig. 8. 

In this connection, it would be interesting to men- 
tion two types of zones formed within a grain dur- 


o—Extension 4.7 pct in 20 hr. 


b—Extension 10.6 pct in 34 hr. 


ing deformation. Fig. 9a, b, and c, shows one of 
these types; this deformation zone took the form of 
a fairly wide band stretching from a triple point 
across a grain. Slip bands deviated on crossing this 
region but returned to their original directions once 
they had crossed it. It shows also that with further 
deformation this band did not become any wider, 
nor did the slip bands crossing it tend to deviate by 
any greater amount, though this band appears wider 
in Fig. 9c due to a slight difference in the angle be- 
tween the grain and the light beam while taking the 
picture. 

The second feature observed was the formation 
of what appeared to be ridges in a grain, as if the 
surface had rippled, but not evenly; hence, parts of 
the grain between the ridges were left quite flat and 
undeformed. These ridges in each grain are more 
or less parallel, as may be seen from Fig. 10 which 
also shows localized grain boundary migration be- 
tween grains A and D, and between grains A and C. 

Subgrain Formation: One of the main changes 
observed in magnesium during creep was that of 
subgrain formation. The subgrain boundaries were 
extremely sharp and appeared as black or white 
lines running across grains. The appearance of the 
lines—black or white—depended on the micro- 
scopic focusing. That the surface of the grain was 
no longer level after the formation of these sub- 
grains may be seen from the micrographs, for ex- 
ample, Fig. 11, in which in one grain some of the 
subgrains are bounded by white lines and some by 
black lines. This effect could be noted by rotating 
the specimen slightly about the long axis of the 
specimen, when viewed through a microscope. In 
contrast to subgrain formation in aluminum, the 
subgrain boundaries in magnesium were much 
sharper and much more clearly defined. It is inter- 
esting to note that observations by Ramsey” on the 
creep deformation of zine by subgrain formation 
showed that the same characteristics were exhibited 
by subgrains in this metal. 

Subgrains were usually observed to have formed 
near the boundaries of the parent grains, as in Fig. 
12; a certain amount of migration of the boundary 
between grains A and B may also be seen. These 
types of subgrains sometimes formed long bound- 
aries running along the grain boundaries, and some- 
times were more or less parallel to the slight bulges 
caused by the movements of the grain boundaries. 

It will be seen that in grain A, Fig. 8, and grain E, 
Fig. 10, subgrains were sometimes formed in the 
body of the grains, their sizes, however, varied. 


c—Extension 15.2 pct in 56.5 hr. 


Fig. 9—Successive stages in the deformation of grain A. The region | results in the deviation of basal slip bands on crossing it, and 
does not get any wider with increasing deformation; nor does the direction of the slip bands alter as deformation progresses. The 
appearance and growth of twin 2 will be noted as also the formation of new twins in Fig. 9c. X50. Area reduced approximately 


60 pct for reproduction. 
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Fig 10—Shows formation of “ripples” 1 
(grain A). Localized migration may be seen 
along the boundaries of grains A and C, 
and A and D. Subgrains are evident in 
grain E, and in grain D near the triple 
point of grains D, E, and F. Extension 8.6 


Fig. 11—Shows subgrain bounded by black 
or white lines. In some of the grains both 
these types of subgrain boundaries exist 
indicating the orientation difference be 
tween them. Extension 86 pct. X75. Area 
reduced approximately 60 pct for reproduc 


Fig. 12—Illustrates the migration of the 
boundary between grains A and B. Sub 
grains (1) may also be seen to have formed 
along this boundary, at times apparently 
parallel to the slight bulges caused by the 
migration of the boundary. Twin 2, formed 


pct. X75. Area reduced approximately 60 tion 
pct for reproduction 


Their formation in this manner could be attributed 
to bending caused by folds stretching from triple 
points well into the grain, or due to bending caused 
by ridges in the grain. 

The subgrain boundaries were no longer percep- 
tible on repolishing and etching (with a nital solu- 
tion) after deformation, except those which exhibit- 
ed a large difference in orientation as compared to 
the parent grain. However, the varying tilts of the 
subgrains with respect to the main grain, that is, 
changes in orientation, could be seen from the 
changes in the directions of the slip bands on cross- 
ing the subgrain boundaries, as for example, in Fig. 
13. This picture not only shows the change in orien- 
tation of the subgrains with respect to the parent 
#rain, but also with respect to each other. 


Summary and Conclusions 

The conclusions that may be drawn from the 
deformation of magnesium during constant load 
creep tests at 500°F and in the stress range of 570 
to 690 psi (initial stress) are as follows: 

The characteristics of creep deformation of mag- 
nesium are, 1—basal plane (0001) slip; 2—-markings 
similar to those obtained by Bakarian and Mathew- 
son’, and due, according to them, to slip along the 
pyramidal planes {1011}; 3—twin formation, and 
sometimes their growth and untwinning; 4—bound- 
ary sliding and migration and fold formation; and 
5-——subgrain formation. 


Fig. 13—1 and 2 are subgrains in grain A 
The difference in orientation between these 
subgrains, and also between the grain and 
subgrains, is shown by the change in direc 
tion of the basal slip bands on crossing the 


subgrain boundaries. Extension 86 pct 
X150. Area reduced approximately 60 pct 
tor reproduction 
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by handling prior to a deformation, has 
pyramidal slip bands across it. Extension 
5.6 pct. X150. Area reduced approximately 
60 pct for reproduction 


In general, these characteristics are similar to 
those met with in the deformation of aluminum, with 
the exception, of course, of twinning. 
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Revealing the Subgrain Structure of Aluminum 


b y M S 


Hunter and D. | 


Robinson 


An extremely fine subgrain structure found in aluminum and alu- 
minum alloys is shown and a method for revealing this structure is 
described. The appearance and some of the characteristics of this 
structure are described and the possible significance of subgrain 
structure in terms of chemical, electrochemical, and metallurgical 

processes is considered. 


RAINS and grain boundaries, which constitute 
the principal manifestations of the crystalline 
aggregates known as metals, play such an important 
part in determining the characteristics and proper- 
ties of metals and alloys that their nature and be- 
havior have long been of much concern to the met- 
allographer. Many investigators have speculated on 
the possible existence of a finer structure within the 
usual grain structure and, through X-ray diffrac- 
tion and metallographic techniques, have revealed 
evidence that such finer structures exist. Among 
these structures are the mosaic blocks and domains 
described by Burgers' and others in their contribu- 
tions on crystalline .structure and the dislocation 
theory, the small units associated with polygoniza- 
tion described by Cahn, and the intragranular 
blocks revealed more recently by Lacombe and 
Beaujard. This paper describes some novel methods 
for clearly revealing a very fine granular substruc- 
ture within the usual grains of pure aluminum and 
aluminum alloys. It also compares the characteris- 
tics and behavior of this subgrain structure with 
those of the ordinary grain structure and gives some 
examples of the manner in which this substructure 
may influence the characteristics of aluminum alloys 
Metallographic investigations of aluminum and its 
alloys have dealt extensively with the functions and 
behavior of grains and grain boundaries and have 
evolved a definite concept of the relation between 
grain structure, orientation and physical, mechani- 
cal, chemical, and electrochemical behayior. During 
the examination of etched samples, a roughening or 
mottling of the body of certain grains has occasion- 
ally been observed. Such roughening obviously 
represented differential attack by the etching solu- 
tion, but its true significance was not at first realized. 
It is now known that this roughening probably rep- 
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resented a subgrain structure, although the particu- 
lar etching treatments used were not capable of 
revealing this subgrain structure clearly. Also, in 
practically all cases, the subgrains were apparently 
far too small to be resolved by the light microscope. 

Recently, a method has been developed for reveal- 
ing clearly the subgrain structure of most aluminum 
alloys. This method is somewhat unique in that it 
eliminates much of the usual tedious mechanical 
polishing and the attendant danger of a surface 
layer of flowed metal and at the same time is sim- 
ple, rapid, and effective. It involves the use of the 
Alcoa R5 Bright Dip, a patented chemical polishing 
treatment licensed by Aluminum Co. of America. 
This treatment produces a bright, highly polished 
surface at least the equal of any mechanical polish 
and also etches the subgrain boundaries as well as 
the ordinary grain boundaries to reveal both the 
grain and subgrain structure simultaneously. 

Metallographic specimens to be examined are 
taken through the customary grinding and polishing 
operations used for aluminum alloys.’ The usual 
care required in the final polishing operation to pre- 
vent a flowed surface layer and to obtain a high 
polish is not necessary, however, because any flowed 
layer is eliminated and a high polish is produced by 
the final immersion in the Alcoa R5 Bright Dip. De- 
pending on alloy type, this dip takes from a few sec- 
onds to about 3 min, after which the sample is rinsed 
well, blown dry, and is ready for examination. 

The substructure can be revealed by some of the 
usual metallographic methods such as electropolish- 
ing or mechanical polishing and etching but no 
method has been found which is the equal of the 
new chemical polishing treatment. Mechanical pol- 
ishing followed by the usual metallographic etching 
is not entirely satisfactory for revealing this sub- 
structure, probably because of the flowed surface 
layer resulting from the mechanical polish. If the 
usual etching methods are prolonged sufficiently to 
remove this layer, the specimen surface becomes 
quite rough and the substructure is not defined 
clearly. 
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Fig. 1—Equiaxed subgrain structure of an 


nealed 99.999 pct Al. Small dot in light 
micrograph at X100 (inset) indicates entire 
area of electron micrograph. Electron micro- 
graph. Oxide film replica. X35,000. Area 
reduced approximately 60 pct for reproduc 
tion 


Some use of the light microscope may be made in 
examining the subgrain structure of aluminum and 
aluminum alloys, but the subgrain dimensions are 
generally so small that the substructure cannot be 
resolved by this instrument. Consequently, it is 
necessary to turn to the electron microscope with its 
higher magnification and greater resolving power to 
observe subgrain structure and to follow changes in 
subgrain size and shape and the various phenomena 
occurring at subgrain boundaries. 

Inasmuch as the electron microscope develops an 
image only by differential transmission of electrons, 
examinations of the ordinary metallographic speci- 
men cannot be made, and reproduction of the surface 
contour in an extremely thin, structureless film 
pervious to electrons is necessary.” The choice of the 
optimum type of surface replica for the reproduction 
of subgrain structure is critical because of the ex- 
tremely fine detail of such structures. While sub- 
grain structures have been reproduced by several 
of the common replica methods, the anodic oxide 
replica method was selected for this work because it 
is the easiest to use, is capable of reproducing some- 
what finer detail, and is the easiest to handle because 
of the inherent strength of the oxide film 

Replicas used in this work were prepared by first 
anodically coating the polished and etched specimen 
in a 3 pet tartaric acid solution adjusted with am- 
monium hydroxide of a pH of 5.5 using a potential 
of 17 v. In this type of electrolyte, a structureless 
barrier type of oxide coating is formed to a thick- 
ness of approximately 14A for each volt of applied 
potential. Thus, the 17 v used produced an oxide 
film about 250A thick, which was ideal from the 
transmission standpoint for the EMC-2A electron 
microscope. With other microscopes which use high- 
er accelerating potentials, a greater thickness of 
replica could be used with some gain in contrast and 
ease of handling. 

Removal of the oxide replicas is accomplished by 
amalgamation. The oxide coating on the surface of 
the specimen is first scribed into squares of a size 
convenient for handling on the small microscope 
specimen screens. Amalgamation is started by im- 
mersing the specimen in concentrated mercuric 
chloride solution until mercury is deposited along 
the scribed lines. The specimen is then transferred 
to distilled water and amalgamation is allowed to 
continue until the small squares of oxide separate 
from the metal. These squares are picked up on 
specimen screens, rinsed in distilled water, and al- 
lowed to dry on the screens. 
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When these replicas are examined in the electron 
microscope, it is found that the ordinary grain 
actually contains a finer structure which is not re- 
vealed clearly by the light microscope, Fig. 1. This 
fine structure is similar in appearance to the usual 
grain structure but, when the actual size of the 
subgrains is realized (Fig. 1, inset), it becomes ap- 
parent that each ordinary grain consists of millions 
of subgrains and subgrain boundaries. It is doubtful 
that this substructure represents the “blocks” or 
crystals formed during polygonization shown by 
other investigators because of differences in size and 
behavior which will be described later. It is possible 
that this substructure may actually be the domains 
or mosaic structure which have been used so widely 
in theoretical discussions of fundamental grain 
structure, but the descriptions of these structures 
ure not sufficiently specific to warrant such a con- 
clusion 

With the revelation of subgrain structure, the 
crystallographic concept of a grain becomes even 
more complex. The subgrain boundaries must rep- 
resent regions with lattice vacancies resulting from 
slight disregistry, because they can be attacked se- 
lectively like grain boundaries by certain etching 
methods. This disregistry, however, cannot be as 
great as that existing at ordinary grain boundaries, 
because the subgrain boundaries are not revealed 
by many of the methods used to reveal the common 
grain boundary. Inasmuch as fairly sharp spots are 
obtained by X-ray diffraction from a single ordinary 
grain, it is evident that the orientation of each of 
the subgrains must be similar to that of the ordinary 
grain of which it is a part. Each subgrain, however, 
must have a slightly different orientation from its 
neighbor, although it is likely that this difference in 
orientation is small in comparison with the differ- 
ences observed between ordinary grains. This is 
substantiated by the fact that subgrain boundaries 
do not etch as readily as ordinary grain boundaries, 
probably because the crystallographic planes are 
more nearly in registry and the resulting boundary 
vacancies are fewer and smaller. 

Searching for additional information regarding 
the nature of this substructure, an investigation was 
made of the relation between the structure and size 
of ordinary grains and subgrains. It is known that 
ordinary grain size varies with metal purity and is 
generally finer in aluminum alloys than in the pure 
metal. In view of the similarity in character of sub- 
grains and ordinary grains postulated above, it 
would be expected that subgrain size might vary 
in a similar manner. To follow this idea further, the 
structure and size of the subgrains were determined 
for several samples of annealed aluminum sheet of 
different purities and of two high purity base alumi- 
num alloy sheet materials in the heat-treated and 
quenecned temper. These were substantially homo- 
geneous materials and had equiaxed grain struc- 
tures as seen under the light microscope. 

The subgrain structures of these materials (Figs. 
1 to 5) at the magnification used had the appearance 
of ordinary grain structures, but the shape and size 
of the subgrains differed greatly from the shape and 
size of the ordinary grains of the same materials. 
While all materials had an equiaxed ordinary grain 
structure, a definite directionality of the subgrain 
pattern was apparent in the 99.8 pct Al (Fig. 2), the 
99.3 pet Al (Fig. 3), and particularly the Al-Mn 
alloy (Fig. 4). It appears likely that this direction- 
ality is related in some manner either to crystal 
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orientation or working direction, even though no 
such indications were evident in the ordinary grain 
structure 

An additional feature of interest is the “double 
boundary” type of structure apparent in the Al-Mn 
alloy, Fig. 4. It is probable that this condition is 
related to a precipitation phenomenon, although no 
evidence of precipitate particles was present either 
in the ordinary grain or subgrain structure. 

Some very interesting information is revealed by 
consideration of the actual size of the subgrains and 
the relation between subgrain size and ordinary 
grain size. In the case of the 99.999 pct Al, which 
had the largest subgrain size of the materials 
studied, the subgrain size was about one billion sub- 
grains per cubic millimeter as compared to an ordi- 
nary grain size of about one grain per cubic milli- 
meter. Thus, these subgrains are about 10,000A in 
diameter, which is within the resolving power of the 
light microscope. In the case of the other materials, 
the subgrain size is appreciably finer and subgrain 
diameters range down to about 2000A, which is be- 
low the resolving power of the light microscope. 
The ordinary grain size and subgrain size on the 
surface of the materials investigated are given in 
Table I. 

With regard to the relationship between ordinary 
grain size and subgrain size, inspection of these 
data shows that ordinary grain size and subgrain 
size do not have any direct and consistent relation- 
ship although, with one exception, the materials 
having finer ordinary grain size also have finer sub- 
grain size. A consistent trend is observed, however, 
in the ratio between the two types of grain size in 


reproduction. 


Table |. Comparison of Ordinary Grain Size and Subgrain Size 


Ratio of 
Grains per Sq Mm — 

Ordi- 

Ordinary 

Material Temper Grains Subgrains Grains 
99.999% Al Annealed 1 1,000,000 1,000,000 
99. 8% Al Annealed 361 7,000,000 19,400 
99.3% Al Annealed 1122 13,000,000 11,600 
99.95% Al+ 1.4% Heat treated 4 2,800,000 700,000 

at 960°F and 

99.95') Al. 10%Mn quenched 0.09 7,000,000 77,800,000 


TRANSACTIONS AIME 


Fig. 2 (left)—Elongated subgrain structure 
of annealed 99.8 pct Al. Electron micro- 
graph. Oxide film replica. X35,000. Area 
reduced approximately 60 pct for repro- 


Fig. 3 (right)—Subgrain pattern in three 
grains of annealed 99.3 pct Al. Electron 
micrograph. Oxide film replica. X35,000. 
Area reduced approximately 60 pct for 


Fig. 4 (left)—Highly elongated subgrain 
structure and “double boundaries” of Al- 
1 pct Mn alloy heat treated at 960°F and 
quenched. Electron micrograph. Oxide film 
replica. X35,000. Area reduced approxi- 
mately 60 pct for reproduction. 


Fig. 5 (right)—Subgrain structure of alu- 
minum-1! pct magnesium silicide alloy heat 
treated at 960°F and quenched. Electron 
micrograph. Oxide film replica. X35,000. 
Area reduced approximately 60 pct for 


that the ratio becomes lower as the ordinary grain 
size becomes finer. This indicates that the subgrains 
may tend to be more nearly of the same size regard- 
less of material and that variations in subgrain size 
may be much less than those encountered with ordi- 
nary grain size. This is supported by the fact that 
a variation of only 13 to 1 was observed in subgrain 
size among these samples, whereas the variation in 
ordinary grain size was about 12,500 to 1. 

Having established the relation between ordinary 
grains and subgrains as far as structure and size 
was concerned, a comparison was made of the be- 
havior of the ordinary grains and subgrains during 
cold rolling and subsequent annealing. It was ex- 
pected, in view of the similarity of ordinary grain 
and subgrain structure, that the fragmentation on 
rolling and recrystallization during annealing, which 
is apparent in the ordinary grain structure, might 
also be observed in the subgrain structure. In this 
work, the subgrain structures of 99.995 pct Al sheet 
in the annealed condition and after reductions of 
50, 70, and 90 pct by cold rolling were investigated. 

Observations of these structures showed that, 
starting with an equiaxed subgrain structure of the 
type seen in Fig. 1, increasing amounts of reduction 
brought about elongation of the subgrains, higher 
degrees of fragmentation and increasing amounts of 
slip within the subgrains. These structural changes 
are the same as those that occur in the ordinary 
grains during cold working. At 90 pct reduction, 
most of the original subgrains have lost their identity 
by virtue of slip and fragmentation, although a few 
have been only slightly deformed, Fig. 6. 

The behavior of subgvain fragments during an- 
nealing was investigated to determine whether 
structural changes in the substructure are similar 
to those observed in the ordinary structure. Starting 
with hard-rolled 99.999 pct Al sheet having highly 
fragmented substructure (Fig. 7), annealing treat- 
ments of 30 min at temperatures up to 600°F were 
applied. As recrystallization progressed with in- 
creasing temperature, the fragment boundaries dis- 
appeared and subgrains began to form in increasing 
numbers as atomic rearrangement occurred, Fig. 8. 


Finally, when recrystallization was complete, the 


structure showed no trace of the original elongated 
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Fig. 6—Fragmented subgrain structure of 
99.995 pct Al sheet given 90 pct reduction 
by cold working. Electron micrograph. Oxide 
film replica. X35,000. Area reduced ap 
production 


proximately 60 pct for reproduction 


fragmented structure and only equiaxed subgrains 
were apparent, Fig. 1. Thus, the rearrangement of 
the substructure during recrystallization is similar 
to that which occurs in the ordinary structure. 

The growth tendencies of subgrains were investi- 
gated briefly to determine whether subgrains are 
separate units of a grain or whether they represent 
a transition stage in the formation of the ordinary 
grain. First, a sample of the annealed material from 
the recrystallization work was given an additional 
annealing treatment of 24 hr at 1000°F, which 
should produce grain growth if the subgrain was 
only a transition stage. This treatment, however, 
produced no noticeable change in subgrain size 
Second, the subgrain structure of several artificially 
produced giant grains in 99.95 pet Al was observed. 
These grains had been produced by the strain-anneal 
method and had been subjected to many, long, high 
temperature annealing treatments. The subgrain 
size of these grains was of the same order as that of 
the other high purity material examined. Thus, the 
subgrain is apparently a fundamental unit in itself 
and is not merely a step in the transition from a 
fragmented to a recrystallized structure 

This investigation has shown that the subgrains 
are separate entities which have a structure similar 
in many respects to the usual grain structure and 
which behave similarly to ordinary grains during 
deformation and recrystallization. The most out- 
standing differences between the ordinary grain and 
the subgrain were in the matter of size and the di- 
rectionality of the subgrain pattern in material hav- 
ing an equiaxed ordinary grain structure. Inasmuch 
as it was believed that this directionality of the 
subgrain pattern might be related to crystallographic 
orientation or rolling direction, the relation between 
these factors was investigated 

The orientation problem could not be approached 
directly, because it was not convenient to mark a 
grain in such a manner that the marking would 
appear in the field of view in the electron micro- 
scope. It was found, however, that the orientation 
of the replica could be determined accurately by 
indirect means from the shape and orientation of 
etch pits developed on the surface of the sample 
before formation of the replica. This approach has 
been used to good advantage by Lacombe and 
Beaujard 

The particular samples used for investigating the 
relation between the directionality of the subgrain 
pattern, crystallographic orientation, and working 
direction were a group of tensile bars of 99.95 pet Al 
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Fig. 7—Highly fragmented substructure of 
hard-rolled 99.999 pct Al sheet 
micrograph. Oxide film replica. X35,000 
Area reduced approximately 60 pct for re 


Fig. 8—Rearrangement of substructure re- 
sulting from partially annealing material 
seen in Fig. 7 (30 min at 475 ). Electron 
micrograph. Oxide film replica. X35,000. 
Area reduced approximately 60 pct for re- 
production. 


Electron 


in which large grains had been developed by the 
strain-anneal method. The working direction was 
considered to be along the length of these bars, inas- 
much as the strain had been applied in this direction 
during the grain growth process. Metallographic 
samples were prepared from grains, the orientation 
of which had been determined by X-ray diffraction 
analyses. After the chemical polishing, the samples 
were given an etch of a few seconds’ duration in a 
solution containing 10 ce of concentrated hydro- 
chloric acid, 30 ce of concentrated nitric acid, and 
20 cc of a 5 pet ferric chloride solution to develop 
etch pits. The faces of etch pits developed by this 
solution represent {100} planes. 

In searching for appropriate grains it was found 
that the planes parallel to the surface of the available 
test bars fell into two principal orientations where- 
by the grain surfaces were approximately either 
a {100} or {119} type plane. Three grains were 
chosen for extensive investigation. The surfaces of 
two of those were almost parallel to the (001) plane, 
whereas the surface of the third approximated a 
{110} type plane. To establish the subgrain shape 
and orientation, it was necessary to section the grain 
along three faces at right angles to each other. For 
convenience, the three faces were chosen as planes 
parallel to the surface, edge, and end of the test bar. 
This terminology of surface, edge, and end will be 
used to describe corresponding surfaces of the sam- 
ples removed from the various grains. 

In the preparation of the specimens removed from 
the various grains, the routine of polish, Alcoa R5 
Bright Dip and deep etch was employed, although 
it was found possible in some instances to develop 
the subgrain pattern on the faces of the etch pits by 
additional chemical polishing after the deep etch 
treatment, Fig. 12. Frequently, however, this tended 
to destroy many of the etch pits, so the additional 
treatment was net generally used. 

The subgrain pattern on the three faces of the 
selected grains (Figs. 9 to 12) reveals the shape of 
the subgrains. While considerabie variation natur- 
ally exists, the subgrain shape generally tends to- 
ward that of an ellipsoid, Fig. 10. In some cases, 
however, the subgrains have relatively flat surfaces 
and the subgrain shape approaches that of a rec- 
tangular prism, Fig. 9. 

In the matter of orientation and subgrain direc- 
tionality, a fairly definite correlation exists in that, 
in every case, the long dimension of the subgrain is 
parallel to a cube edge. The puzzling aspect of this 
relationship, however, is that if the long dimension 
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Fig. 9—Composite micrograph showing etch pits and subgrain shape 
on three faces of a single grain. Arrow indicates working direction 
Electron micrograph. Oxide film replica. X35,000. Area reduced 
approximately 60 pct for reproduction 


of the subgrain is parallel to a cube edge, it is actu- 
ally parallel to four edges but is at right angles to 
the other eight edges. The question then arises 
why does the length of the subgrain lie parallel to 
one particular set of cube edges and not one of the 
other two? 

It was believed that the answer to this question 
might lie in the relation between directionality and 
the working direction of the bar. Attempts to relate 
these factors, however, produce a complete lack of 
correlation. In the three grains, the long directions 
of the surface subgrain patterns are at angles of 
about 30°, 80 , and 100° to the rolling direction, 
Figs. 9 to 11. In two of these grains, little or no 
directionality is evident on the edge and end faces, 
whereas in the third a highly directional pattern is 
evident on the edge face, Fig. 12. This latter pattern 
extends at an angle of about 35° to a line perpendic- 
ular to the surface face, which means that the sub- 
grains angle sharply down through the thickness of 


the piece. 

This investigation of the directionality of the 
subgrain pattern and its relation to crystallographic 
orientation and working direction has shown that 
the long dimension of the subgrains lies parallel to 
{100} poles of the lattice. An absolute lack of corre- 


duction 


Fig 


production. 
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12 (right)—Etch pits and 
subgrain shape on edge of grain 
shown in Fig 
cates working direction. Elec 
tron micrograph. Oxide film rep 
lica. X35,000. Area reduced 
approximately 60 pct for re- 


Fig. 10—Composite micrograph showing etch pits and subgrain 
shape on three faces of another single grain. Arrow indicates work- 
ing direction. Electron micrograph. Oxide film replica. X35,000 
Area reduced approximately 60 pct for reproduction. 


lation between directionality and working direction 
leaves unanswered the question as to why the long 
axis of the subgrain parallels one [100] direction 
and not one of the others 

So far, the nature and behavior of subgrains, the 
relation between ordinary grains and subgrains, and 
the relationship between orientation and the direc- 
tionality of the subgrain pattern have been shown. 
From the practical standpoint, the chemical, elec- 
trochemical, and metallurgical behavior of the sub- 
grains, and particularly their boundaries, are of 
even greater importance. 

In view of the similarities which have been shown 
to exist between the nature of the ordinary grain 
and that of the subgrain, it would be expected that 
the behavior of these units of structure might also 
be similar. Thus, like the ordinary grains and grain 
boundaries, the subgrain and its boundaries might 
play a very important role in chemical and electro- 
lytic etching, anodic coating and in precipitation 
phenomena. 

Before dealing specifically with these chemical, 
electrochemical, and metallurgical processes, a brief 
review of the nature of the subgrains and their 
boundaries in aluminum and its alloys is in order. 
Fach subgrain appears to be a separate and distinct 


Fig. 11 (left)—Etch pits and 
subgrain shape on surface of a 
third single grain. Arrow indi 
cates working direction. Elec 
tron microgtaph. Oxide film rep 
lica. X35,000. Area reduced ap- 
proximately 60 pct for repro 


Arrow indi 
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unit of structure and must necessarily have an 
orientation of its own which differs slightly from 
that of its neighbors. This results in disregistry 
with consequent vacancies at subgrain boundaries. 
Such regions would be expected to be ideal sites 
for precipitation, because less energy would be re- 
quired for the formation of a particle in this place. 
Considering the ever-present natural oxide film on 
aluminum and its alloys, these vacancies in the 
metal might be reflected in a less dense oxide film 
at subgrain boundaries, with the result that these 
locations might be more susceptible to chemical or 
electrochemical action 

An outstanding example of the behavior of sub- 
“rain boundaries under chemical attack is the devel- 
opment of subgrain structure by the Alcoa R5 Bright 
Dip. In this acid solution, general attack takes place 
but the rate of attack is more rapid at the subgrain 
boundaries; these regions are dissolved out and the 
structure is revealed. Another example of the be- 
havior of subgrain boundaries under chemical attack 
is found in the formation of etch pits of the type 
used in the orientation work already described. 
These etch pits were large compared to the size of 
the subgrains but, if only very light etching is em- 
ployed, it is apparent that the first etch pits invari- 
ably start to form along subgrain boundaries, Fig. 13. 

In the matter of subgrain behavior under electro- 
chemical action, unusual but not unexpected be- 
havior is evident at the start of electrolytic etching 
and anodic oxide coating formation. If aluminum 
foil is etched electrolytically in a chloride solution, 
cubic etch pits tend to form and the first pits start 
either at grain boundaries or subgrain boundaries, 
Fig. 14. Also, a predominance of pits is found at 
subgrain junctions, apparently because a greater 
number of vacancies exists at these locations 

At the beginning of the formation on aluminum 
of anodic oxide coatings, which are composed of 
close-packed columnar cells of aluminum oxide, the 
coating formation first starts along grain boundaries 
and subgrain boundaries. This is shown by Fig. 15, 
which illustrates the impression in the metal sur- 
face of the rounded ends of oxide cells that have just 
started to form. The cups along both sides of the 
subgrain boundaries are more clearly defined be- 
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Fig. 13 (left)—Beginning of etch pit for- 
mation along subgrain boundaries and at 
subgrain junctions of 99.995 pct Al sheet 
reduced 50 pct by cold rolling. Electron 
micrograph. Oxide film replica. X35,000. 
Area reduced approximately 60 pct for 


Fig. 14 (right)—Start of electrolytic etch- 
ing attack at subgrain boundaries of an- 
nealed 99.8 pct Al foil. Electron micro- 
graph. Oxide film replica. X35,000. Area 
reduced approximately 60 pct for repro- 


Fig. 15 (left)—Start of anodic oxide for- 
mation along subgrain boundaries of hard- 
rolled 99.999 pct Al sheet. 
micrograph. Oxide film replica. X35,000. 
Area reduced approximately 60 pct for 


Fig. 16 (right)—Precipitation of magne- 
sium silicide particles on subgrain bound- 
aries of Al-1.4 pct Mg_Si alloy heat treated, 
quenched and aged 2 hr at 650°F. Elec- 
Oxide film 
X35,000. Area reduced approximately 60 
pet for reproduction. 
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replica. 


cause they started to form first and are more fully 
developed. 

With respect to precipitation, it would be expected 
that the larger number of vacancies along sub- 
grain boundaries would permit precipitation in a 
manner similar to that encountered at ordinary 
grain boundaries. Such was found to be the case in 
an aluminum-magnesium silicide alloy, in which 
precipitate particles were observed primarily along 
subgrain boundaries and at subgrain junctions, Fig 
16. In this micrograph, the dark areas represent 
actual precipitate particles which were retained in 
the electron microscope replica. 

These examples of the behavior of subgrain boun- 
daries under chemical and electrochemical attack 
and during precipitation have shown a relationship 
between subgrain structure and behavior, although 
the full significance of this structure and the extent 
to which it controls the characteristics of aluminum 
and its alloys has yet to be established. It is highly 
possible that subgrain structure may play a part in 
corrosion, creep, fatigue and many other phenomena 
and may furnish an explanation for some of the 
puzzling peculiarities of behavior which have been 
encountered. 
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HIS investigation is a part of the United States 
Bureau of Mines work in conserving the Nation's 
resources. The isothermal sections presented were 
developed as a guide to a comprehensive investiga- 
tion of the properties and fabricating characteristics 
of copper-base alloys containing manganese and tin. 
These alloys are being investigated as possible re- 
placements for the commercial bronzes containing 
substantial quantities of tin. Development of the 
isothermal sections has, therefore, been limited to 
the area between 0 to 20 pet Mn and 0 to 25 pet Sn. 

Since Heusler’ reported the ferromagnetic prop- 
erties of the Cu-Mn-Sn alloys in 1903, the system 
has been the subject of several investigations. These 
studies were largely concerned with correlation 
of magnetic properties and crystal structure. * Vero, 
however, established the solidus surface of the sys- 
tem, between 20 pet Mn and 40 pct Sn, by thermal 
and microscopic methods. The a, 8, and y solid solu- 
tions were aJso observed by Vero and reported to 
extend into the interior of the ternary system. 

For the present study, the annotated diagram of 
the Cu-Sn system prepared by Raynor’ and the Cu- 
Mn diagram by Dean and coworkers* were used as 
the binary borders of the ternary system 


Procedure 

The metals used in this investigation were electro- 
lytic manganese, washed cathode copper, and three- 
star tin. The manganese, produced at the Boulder 
City pilot plant of the Bureau of Mines, had a purity 
of 99.9 pet; the copper contained less than 0.004 pet 
Bi and 0.001 pet S; the tin contained 0.070 pct Pb, 
0.070 pet Sb, 0.050 pet Fe, and 0.065 pet Si. 

Heats of 1 lb were melted in alundum crucibles 
with a 3-kw induction furnace. The heats were 
chill-cast in iron or copper molds to form 6-in. in- 
gots *4 in. in diameter. Molds were washed with 
graphite or zirconia, depending on the manganese 
content, and preheated to 150°C. The maximum im- 
purity content of any alloy was 0.03 pct Fe, 0.02 pet 
Si, and 0.02 pet Al; in most cases, they contained 
less than half this quantity of any of these impurities 

Composition of the alloys and their treatment 
prior to homogenizing are shown in Fig. 1. Desig- 
nations adjacent to each composition refer to the 
heat numbers. With a few exceptions, ingots con- 
taining 20 pct Sn or less were hot-swaged. These 
ingots were swaged, after a 24-hr preheat at 650°C, 
to obtain a total reduction of 70 pet in cross section. 
Intermittent reheating was necessary, and reduc- 
tions were limited to either 0.025 er 0.050 in. in 
diameter per pass. 

Selection of a 200-hr homogenizing treatment was 
based on extensive experiments which indicated 
that virtual equilibrium was reached after 150 hr. 
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Fig. 1—Composition and condition of alloys prior to homogeniza- 
tion treatments 

Structures were retained by quenching in water. 
Grain sizes in the specimens homogenized at 350° 
and 450°C were generally small. These homogeniz- 
ing treatments were preceded by a 50-hr anneal at 
650 C to facilitate phase identification by increasing 
the grain size in these specimens. The specimens 
were furnace-cooled from this temperature to the 
homogenizing temperature, and the heat treatment 
was continued for the standard 200-hr period. 

The homogenized samples were bisected to pro- 
vide an internal section for metallographic examina- 
tion. Optimum definition of the microstructure was 
obtained by successive polishing etching. 
Quarter-strength ASTM copper reagent No. 13 gave 
the most satisfactory results.” 

Filings from interior sections of the samples were 
used for diffraction studies. These filings were an- 
nealed in evacuated glass tubes at homogenizing 
temperatures for periods exceeding 50 hr and 
quenched in water. During this treatment the man- 
ganese content was reduced by significant amounts, 
probably by vaporization. This change in composi- 
tion was considered in applying the diffraction data, 
which were used only as a means of identifying 
phases where the data were consistent with the 
metallographic evidence. 


Phase Identification 

The a solid solution is readily distinguished by the 
copper-colored, twinned, polyhedral grains, as 
shown in Fig. 2, and a face-centered cubic X-ray 
pattern. Tukon indentations, using a 25-g load, in- 
dicate a Knoop hardness of 155 for a quenched from 
650°C 

Using white light developed by a Wratten 78 A 
filter, the 8 grains in etched specimens have a dark 
brown tint in contrast to the lighter copper-colored 
grains of the a phase. Knoop hardness values of 284 
were obtained for the f structure in specimens 
quenched from 650°C. The £# structure was also 
distinguished from the a phase by its body-centered 
cubic lattice. 

The acicular structure appearing in Fig. 3 was 
evident in several alloys of higher tin content after 
quenching from either 750° or 650°C. Since a trans- 
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Fig. 2—« and retained phases in heat Fig. 3—« and transformed 4 phases in heat Fig. 4—a, >, and # phases in heat Z27 
Z28 quenched trom 650 C. ASTM copper Z31 quenched from 650°C. ASTM copper quenched from 550 C. ASTM copper etch 


etch 13. X250. Area reduced approximately etch 13. X250. Area reduced approximately 13. X250. Area reduced approximately 55 
55 pct for reproduction 55 pct for reproduction. pet for reproduction. 


better agreement might be obtained with higher 
C> concentrations of @. It is possible that is the com- 
a | pound Cu,MnSn, predicted by Dehlinger” and later 
observed by Vero,’ but @ was not observed above 


_F 5 — a, 4, 
Ss ane 550°C and the Cu.MnSn. was observed by Vero near 


phases in heat Z32 
quenched from 450°C. the solidus. The @ phase exhibits a definite blue- 
PN 14° » = ASTM copper etch 13. white hue with reflected white light. Another char- 
f @ X250. Area reduced ap- acteristic particularly noticeable in the micrographs 
proximately 55 pct for is a strongly defined grain boundary compared to 
the other phases in the system. Knoop hardness 
values of the phase were 539, 589, and 610 in speci- 


mens quenched from 550°, 450°, and 350°C, re- 
spectively, thus distinguishing this phase from any 
others encountered in these alloys 

The 6 phase is identified by an X-ray pattern 
similar to the complex pattern of y brass. A Knoop 
hardness of 420 was obtained for the 4 phase. 


Fig. G—a, +, and @ 
* phases in heat Z32 
quenched from 350°C 
‘ ASTM copper etch 13 
7 X250. Area reduced ap 
proximately 55 pct for 
reproduction. 


formation is known to occur at a corresponding lo- 
cation in the Cu-Sn binary system, it seems probable ” SI 9 2 
that this structure represents a similar reaction in ' vurcom Manganese 
the ternary system. However, the Knoop hardness Fig. 7—Isothermal section of Cu-Mn-Sn system at 750 C 
of 280 approximates the hardness of retained £. 
The y phase, shown in Fig. 4, replaces the 8 struc- 
ture in alloys quenched from 550°C. Except for a i / 
lighter tint, the y does not differ markedly in ap- e VS 
pearance from the 8 phase. The body-centered 
X-ray diffraction pattern is also similar to the B 
pattern. However, Knoop hardness values of 19% 
readily distinguished the y phase in specimens 
quenched from 550°C from the softer a and the 
harder 8 phases 
An unidentified phase makes its appearance in 
alloys quenched from 550°C as shown in Figs. 4, 5, 
and 6. This phase is tentatively referred to as @ to 


conform with the terminology used by Eash" in de- 2, 
scribing the Cu-Ni-Sn system. Although the X-ray ° 
diffraction pattern resembles that of 8 manganese, Percent Manganese 


positive agreement could not be obtained. However, Fig. 8—Isothermal section of Cu-Mn-Sn system at 650 C 
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The « phase, which is encountered in alloys 
quenched from 350°C, is shown in Fig. 6. Although 
no metallographic distinction between 5 and « was 
apparent, the X-ray pattern of the orthorhombic « 
is distinct from that of 6, and the Knoop hardness of 
« is 388. 

Isothermal Sections 

Fig. 7 shows the isothermal section for 750°C. At 
this temperature the a solubility limit is slightly 
curved but shows an almost uniform decrease in the 
solubility of tin in copper with increasing manga- 
nese content. Conversion to atomic percent increases 
the curvature slightly with the deviation beginning 
near 10 atomic pect Mn. Using the 1.5 electron-atom 
ratio, as proposed by Hume-Rothery,” this slope of 
the @ solubility limit indicates an apparent manga- 
nese valence of 1.8. The a-8, 8 boundary extends 
into the ternary area along a line approximately 
parallel to the a solubility limit. 


9 


~ ~ 


Percent Manganese 
Fig. 9—Isothermal section of Cu-Mn-Sn system at 550 C 


% 
° 


Percent Manganese 


Fig. 10—Isothermal section of Cu-Mn-Sn system at 450 C 


Percent Manganese 
Fig. 11—isothermal section of Cu-Mn-Sn system at 350°C. 
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At 650°C, Fig. 8, curvature of the a-solubility 
limit is more pronounced. The a-8, 8 boundary re- 
mains essentially parallel to the a boundary. 

In the 550°C isothermal section, Fig. 9, 8 is re- 
placed by the y body-centered cubic phase and the 
tentatively identified phase referred to as @. A 
three-phase field of a, y, and @ is formed on the iso- 
thermal section, which limits the a-y region to less 
than 5 wt pet Cu. At this temperature the a solu- 
bility limit begins to recede toward the Cu corner. 

At 450°C, Fig. 10, the y phase is replaced by the 6 
phase. An expanded three-phase field of a, 6, and @ 
compresses the a-6 area against the Cu-Sn binary in 
this isothermal section. The a solubility limit re- 
cedes, indicating a condition suitable for precipita- 
tion effects. 

The 350°C isotherm, Fig. 11, shows that « has re- 
placed the 6 phase. The expanded three-phase field 
of a, «, and #@ compresses the a-« area to less than 3 
wt pet Mn. Recession of the «a solubility limit is at 
a maximum near 350°C. 


Summary 

The a solid solution area of the Cu-Mn-Sn system, 
up to 20 pet Mn and 25 pet Sn, has been established 
by a metallographic study. The evaluated results of 
the investigation are illustrated with isothermal di- 
agrams for 100°C increments between 350° and 
750°C. Additions of manganese, up to 20 pet, de- 
crease the solubility of tin in copper. In general 
this effect is more pronounced as the temperature 
decreases. At the lower temperatures, particularly 
350°C, the a solid solution area is greatly restricted, 
and only 5 pet Sn is soluble in alloys containing 5 
pet Mn. As the manganese content is increased to 
15 or 20 pet, the solubility of tin is further decreased 
to less than 2 pet. 

Micrographs of typical microstructures of the ter- 
nary alloys containing the phases a, £, y, 4, «, and @ 
are presented. 
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Concentration Dependence of Diffusion Coefficients in Metallic Solid Solution 
Erne 


the actual diffusion curve which would be obtained by 
the usual slicing technique is shown as a solid line 
drawn to the same scale (from the data of da Silva and 
Mehl). The amounts of porosity (obtained by lineal 
analysis) and of nickel are graphically represented by 


DISCUSSION, J. P. Nielsen presiding 
R. W. Balluffi (Atomic Energy Div., Sylvania Elec- 


tric Products Inc., Bayside, N. Y.)—Since porosity 1s 
known to form in the copper side of Cu-Ni couples 


during diffusion’ it is of importance to consider this 
factor in interpreting the large variations of chemical 
diffusivity with copper concentration reported for this 
system. The presence of porosity may affect the meas- 
urement of D in two ways: 1—density changes in the 
couple invalidate the usual solutions of the diffusion 
equation, and 2——-the pores may act as short-circuiting 
paths when transport through the vapor or along in- 
ternal surfaces is appreciable or else as open circuits 
when these effects are small 

The error produced by the first effect may be esti- 
mated by a graphical analysis. Fig. 8 shows the poros- 
ity generated in the copper side of the Kirkendall 
interface of a pure nickel vs pure copper couple after 
diffusion for 350 hr at 1040°C in hydrogen. In Fig. 9 
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the hatched areas. 

The standard solutions of the diffusion equation are 
valid only when all volume elements of unit length 
and unit cross section contairi equal numbers of atoms.” 
It is possible to correct the experimental curve to sat- 
isfy this condition by shrinking the couple in the direc- 
tion of diffusion in such a way as to eliminate the 
porosity.* The corrected diffusion curve obtained after 


* Experiments performed in this laboratory show that dimen- 
sional changes normal to the direction of diffusion in massive Cu-Ni 
couples are negligible for present purposes. Copper was diffused 
into both faces of a 3/16-in. thick 1l-in. diam nickel disk from the 
vapor phase for 100 hr at 1070°C. The linear expansion normal to 
the direction of diffusion was found to be <0.2 pct 


this operation is shown dotted. When all mass move- 
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Fig. 8 (left)—Poros- 
ity generated in a Cu- 
Ni couple after dif- 
fusion for 350 hr at 
1040°C in H.. Un- 
etched. X100. Area 
reduced approxi- 
mately 50 pct for re- 
production. 


ment is referred to the nondiffused nickel end of the 
couple, the Matano interface of the corrected curve 
agrees, of course, with the initial position of the 
welded interface. However, the apparent Matano in- 
terface of the experimental curve appears displaced 
slightly toward the copper side of the original inter- 
face. Since appreciable porosity causes only a slight 
discrepancy between the apparent Matano interface 
and the original interface, it is interesting to note that 
an approximate agreement of the two interfaces is not 
a good criterion that no porosity exists as has been 
suggested by da Silva and Mehl." By applying the 
Matano analysis to the two curves the variation of D 
with concentration was obtained in relative units, Fig. 
10. The presence of porosity in the specimen is seen 
to cause a significantly higher apparent D in the por- 
ous region of the couple. 

The quantitative effect of short or open-circuiting 
paths is more difficult to evaluate. Solutions of the 
analogous problem of heat conduction through a two- 
phase medium containing one phase in the form of iso- 
lated spheres” indicate roughly what effects may be 
expected. When the spheres act as short circuits the 
ratio of the apparent diffusivity in the two-phase me- 
dium to the diffusivity in the continuous phase in- 
creases with increased total volume of the spheres and 
attains a value of about 2.0 at 25 volume pct. When 
the spheres act as open circuits the ratio decreases and 
becomes equal to about 0.7 at 25 volume pct. At dif- 
fusion temperatures the vapor pressure of copper is 
appreciable and the pores may act as partial short cir- 
cuits for copper atoms. The vapor pressure of nickel 
is lower by a factor of 10° and the pores probably act 
as open circuits for these atoms. Since the amounts of 
diffusion and porosity increase parabolically with time, 
the average effective porosity at any point during dif- 
fusion may be considered to be about one-half of the 
final observed amount. 

On the basis of the above discussion it seems that the 
sum of errors produced by the porosity shown in Fig. 
9 could not greatly exceed 100 pct of the true volume 
diffusion coefficient even in the most extreme case. 
The presence of porosity, therefore, cannot fully ex- 
plain the rapid increase of diffusivity with copper con- 
centration, but may still cause a significant error in the 
measurement of D. Experimental support for this argu- 
ment is found by comparing the most recent and reli- 
able data of da Silva and Mehl and of Thomas and 
Birchenall. At 947°C the variation of diffusivity with 
concentration found by both investigators agrees fairly 
well. This is expected since the amount of porosity in 
the couples from which these data were derived would 
be much less than that shown in Fig. 8. However, at 
1054°C the diffusivities given by da Silva and Mehl 
in the 70 to 95 atomic pct Cu interval range up to 50 
pet higher than the corresponding values of the pres- 
ent paper. This difference may be due to the presence 
of more porosity in the pure copper vs pure nickel 
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Fig. 9—Penetration curve after diffusion ‘from data of da Silva 
and Mehl’’). 
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Fig. 10—D vs atomic percentage of copper obtained by Matano 
analysis from experimental and corrected curves 


couples used by da Silva and Mehl than in the in- 
cremental couples used by the present authors. These 
considerations indicate that accurate chemical diffusion 
coefficients are best obtained with such incremental 
type couples. 

D. E. Thomas and C. E. Birchenali (authors’ reply) 
—It has become increasingly clear during the past 
year, as a result of the excellent work by Balluffi and 
Alexander, Buckle and Blin, and Seith and Kottman, 
that a considerable amount of porosity may form in 
diffusion couples which have a large concentration 
difference. In addition, Seith and Kottman have shown 
that it is not always possible to neglect the area 
changes normal to the diffusion direction even in mas- 
sive couples. 

Although some of the couples reported in this paper 
were examined metallographically before and after 
diffusion to determine whether the welds were sound, 
small porosity might have been smeared over and over- 
looked. The only satisfactory answer can come from 
annealing similar specimens under similar conditions 
and making a careful search for porosity. Instead of 
doing just this, it may be more reasonable to open the 
wider question of how the generation of porosity de- 
pends upon the composition range of the couple. It 
seems likely that there is some composition range in 
a system at given temperature below which the va- 
cancy supersaturation is too low to cause porosity to 
precipitate. 

Dr. Balluffi has noted that his correction for porosity 
in the da Silva and Mehl 1054°C sample brings their 
result into closer agreement with our incremental val- 
ues, indicating that the errors in the incremental case 
are less serious. He has been careful to point out that 
the correction is only that for the modification of the 
penetration curve and does not take into account the 
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open and short-circuit effects of the pores. An addi- 
tional correction may be necessary in both cases. 

The open and short-circuit effects must be more com- 
plicated than indicated. In a binary system a pore can 
hardly act as a short circuit for one component and 
completely open circuit for the other in the sense of 
preventing its transport by diffusion. Since the two 
components are thermodynamically interdependent, 
short-circuit transport would simply cause the pore to 
migrate. Thus, if surface and vapor diffusion are fast 
compared with volume diffusion around a pore of par- 
ticular size and shape, porosity will accelerate diffu- 


sion. If surface and vapor diffusion are slow compared 
with volume diffusion, diffusion will be inhibited. 
Translation of the pore produces greater average dis- 
placement of the component that is rich on the side of 
the couple toward which the pore is moving. 


“R. W. Balluffii and B. H. Alexander: Journat or Metats ‘Feb- 
ruary 1952) p. 152 
R. S. Barnes: Proc. Physical Soc. (1952) 65B, p. 512 
"G. S. Hartley and J. Crank: Trans. Faraday Soc 
801 
J.B 
(1939) p. 3 


(1949) 45. p 


Austin Sumposium on Thermal Insulating Materials 


ASTM 


DISCUSSION, J. P. Nielsen presiding 


H. K. Hardy (Fulmer Research Institute, Stoke 
Poges, Bucks, England)—lIt is very pleasing to have the 
results of such a full thermodynamic study of solid 
phase alloys as the authors have provided for the Ni- 
Au system. They also report unpublished calculations 
of the free energy from the phase diagram via the 
method of Borelius which is to fit the solubility data 
to an empirical equation of the form 


daxy' 4 


+ 
RT (x Inx 4 y Iny) [8] 


where xv and y are the atomic fractions, a, b, c, and d 
are arbitrary constants. Eq. 8 can only predict the ideal 
entropy of solution. I have recently examined the 
thermodynamic properties of a “sub-regular” solution 
model in which” 


RT (x 4+ ylny) {9} 
where A, and A. can be solved from the solubility data 
at each temperature so that any temperature depen- 
dence can be examined Jsing the solubility curve in 
Metals Handbook,” the Au-Ni system gives an addi- 


tional apparent entropy term 
SAF A 


T ‘T 


{10} 


of 2.6 cal per degree per gram atom at the critical tem- 
perature and solubility when the positional entropy is 
1.2 cal per degree per gram atom. The total calculated 
entropy is thus three times the positional entropy com- 


Thermodynamic Properties of Solid Nickel-Gold Alloys 


pared with the authors’ experimental value of twice the 
positional entropy. 

The authors’ results allow further checks on the sub- 
regular solution equation. Fig. 14 shows the calculated 
excess free energy of solution at 700° and 800°C and it 
will be noted that the values are more negative than 
in Fig. 7, particularly at the gold-rich side. This re- 
sult is reflected in the activity composition curves cal- 
culated for 850° and 700°C in Figs. 15 and 16. 

It seems fair to accept the “sub-regular” solution 
model as a useful alternative to the Borelius equation 
particularly when it is desired to allow for non-ideal 
entropies of solution. The authors’ results would be 
met by an empirical equation with properties interme- 
diate between Eqs. 8 and 9. It would be very difficult 
to provide a useful, simple empirical expression with 
such properties, and which could be solved at each 
temperature, because the solubility data fulfill not more 
than two independent thermodynamic conditions at 
any given temperature. 

L. L. Seigle, M. Cohen, and B. L. Averbach (authors’ 
reply)—The empirical equation of Borelius for the 
relative free energy of a solid solution, referred to by 
Dr. Hardy, may include other than the ideal entropy of 
mixing by allowing the coefficients a, b, c, and d to be 
temperature dependent. Dr. Hardy attempts to ac- 
complish the same end in Eq. 9, using fewer param- 
eters. However, a comparison of his calculated results 
in Fig. 14 with the experimental results in Fig. 7 of the 
paper discloses a substantial discrepancy. His derived 
free energies of mixing are in error by a factor of about 
three. The calculated activities (Fig. 15 of the discus- 
sion) are likewise deceptive (cf. Fig. 4 of the paper). 
On the other hand, the method of Borelius gives excel- 
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Fig. 14 (left)—Integral molar free energies 
of solution calculated from Eq. 9 solved at oe 
the solubility limits 


Fig. 15 (above)—Activity curves at 850°C 
for Ni-Au alloy calculated from the phase 
diagram using Eq. 9. 


As 
Fig. 16—Nickel activities in stable and 
metastable solid solutions of Ni-Au alloy 
at 700 'C calculated from the phase dia 
gram using Eq. 9. 
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lent agreement with the experimentally determined 
activities and free energies of mixing 

The situation becomes inherently worse in the com- 
putation of the entropy of mixing because the tempera- 
ture coefficient of the free energy is undoubtedly very 
susceptible to experimental uncertainties in the phase 
diagram, even though the free energy itself may be 
considerably less sensitive. Hence, not much reliance 
can be placed on such entropy calculations. It would 
certainly be unwarranted to theorize on the cause of 


an excess entropy unless the experimental data were 
on hand to verify its existence, and then the empirical 
calculations based on the phase diagram would lack 
real purpose 

It is hoped that the significance of Dr. Hardy's treat- 
ment will be discussed more fully in his forthcoming 
paper, which the authors await with interest. 

“H. K. Hardy: To be published 

“7 L. A. Carapella: Metals Handbook (1948) p. 1172. Cleveland, 
ASM. 


Transformation in 


DISCUSSION, J. P. Nielsen presiding 


T. R. Anantharaman and J. W. Christian (The Inor- 
ganic Chemistry Laboratory, Oxford, England)—We 
were very interested in the results obtained by the 
authors as we have similar work in progress. Our ob- 
servations do not agree with the conclusion that com- 
plete strain-induced transformation to the hexagonal 
form is impossible in pure cobalt. Cobalt powder, after 
annealing and cooling to room temperature, contains 
as much as 40 to 50 pet cubic phase, but after 600 blows 
in a small agate mortar we could find no trace of the 
cubic lines. The authors’ experiments in which they 
peened massive cobalt are not strictly comparable, but 
it would be interesting if they could give an estimate 
of the minimum intensity of the cubic {200} line, rela- 
tive to the hexagonal {1010} or {1011} lines. 

After strain-induced transformation, the intensities 
of the hexagonal (0002) and (0004) reflections in pow- 
der photographs were abnormally large. The (0002) 
line is overlapped by the cubic {111} line, but the mag- 
nitude of the effect precludes any explanation based 
on the presence of a remaining fraction of cubic phase. 
After severe cold working, the relative intensity of the 
(0002) line rose by nearly 200 pct. This phenomenon 
has been noted previously, e.g., by Doig and Schwartz* 
in their discussion of the work of Troiano and Tokich. 
We believe it to be related to the presence of stacking 
faults on the close-packed planes. The theory devel- 
oped by Wilson” does indeed predict such an apparent 
rise in intensity, due to limitations in photometry, but 
of a much smaller order of magnitude. It seems more 
probable that the explanation arises from the destruc- 
tion of primary or secondary extinction, as a result of 
stacking faults, increased density of dislocations, etc. 
In the same way, the intensity of the {111} line in face- 
centered cubic materials is often raised abnormally by 
cold working, especially in rhodium, a brass, and gold 
(see the work of Brindley and Ridley," Boas," and 
Averbach and Warren”). We should be very interested 
to hear whether the authors have observed any similar 
intensity variations. 

Most workers have reported that massive cobalt 
transforms completely to the hexagonal form on cool- 
ing to room temperature. In our work, oscillation pho- 
tographs of large grained polycrystalline cobalt showed 
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traces of cubic reflections, though filings taken from 
this material gave only hexagonal Debye-Scherrer pat- 
terns. After dissolving away the surface layers of these 
filings in acid, and rephotographing them, faint cubic 
lines were visible. These disappeared again after cold 
working. We conclude that complete transformation to 
the hexagonal form never occurs spontaneously, ex- 
cept in single crystals, but complete transformation 
can be induced by straining, although this gives a very 
imperfect hexagonal structure. 

A. G. Metcalfe (Deloro Smelting and Refining Co., 
Deloro, Ont., Canada)—-The method used to detect 
spontaneous transformation by the examination of 
thermally etched specimens is interesting. This tech- 
nique has recently been used” to obtain supporting 
evidence for a high temperature transformation in co- 
balt of better than 99.9 pct purity, prepared by vacuum 
casting. The conditions used favored thermal etching, 
however, because the heating was done in a vacuum of 
10° to 10" mm mercury for a total time of 1 hr. The 
structures shown in Figs. 3 and 4 were developed after 
1 hr at 1090°C, and after 30 min at 1090°C and 30 min 
at 1135°C, respectively. It is believed that the structure 
developed at 1090°C was that characteristic of cubic 
cobalt whereas a structural change commencing at 
1119°C caused the partial elimination of this structure 
on subsequent heating at 1135°C. The effect was even 
more marked when the second heating was at 1175°C." 

In view of the complex nature of the structure de- 
veloped by these treatments it would be interesting if 
the authors would reproduce a typical micrograph for 
comparison. It was considered that the spots on the 
surface were the result of the low temperature trans- 
formation, although they were observed to be both in 
relief and depressed below the general surface. This 
was supported by a marked tendency of the elongated 
spots to bear some relation to the crystallography of 
the underlying structure. It is also noticeable that they 
have formed long lines of latent scratches. 

It is noted that the nickel contained 0.61 pet C, which 
seems unduly high 

J. B. Hess and C. S. Barrett (authors’ reply)—The 
sets of fine, roughly parallel striations which appear in 
Dr. Metcalfe’s micrographs strongly resemble the stri- 
ations which Chalmers, King, and Shuttleworth" pro- 
duced on silver by thermal etching in the presence of 


Fig. 3 (left)—Pure cobalt ther 

thermal etch at 1135 C superim 24 

posed on thermal etch at 1090°C pied 
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oxygen. According to the interpretation of these au- 
thors, the striations are due to the formation of a 
“stepped-structure” composed of exposed crystallo- 
graphic facets upon which the oxygen atoms are pref- 
erentially adsorbed. Because of this adsorption, the 
stepped structure yields a free surface having lower 
energy than could result from a flat minimum-area 
free surface composed of crystallographic planes of 
unspecific identities. We suggest that the discusser has 
mistaken the formation of an analogous stepped struc- 
ture on his thermally etched cobalt specimens as evi- 
dence of a high temperature transformation. Similarly, 
the partial elimination of these markings on heating 
to high temperatures may be merely the result of grain 
boundary migration 

Some observations regarding the thermal etching of 
copper made by one of us (J.B.H.) also seem to be 
pertinent. Using a vacuum of 10° to 10° mm at 1000°C, 
the stepped structure on pure copper was frequently 
observed, except when special care was taken to in- 
sure that hydrogen was always present as the chief 
component of the residual atmosphere in the vacuum 
chamber. Small pits, similar to those which are so 
evident in Metcalfe’s micrographs, were also observed. 
These developed chiefly, but not exclusively, in regions 
which had not been swept by the action of migrating 
grain boundaries during the course of the thermal 
etching treatment. 

By employing a purified hydrogen atmosphere and 
allowing ample time for a large amount of grain 
boundary migration to occur, thermally etched speci- 
mens of cobalt and cobalt-nickel alloys could be pro- 
duced which were substantially free of intragranular 
structure when cooled to room temperature, except 
insofar as relief striations were produced by the spon- 
taneous cubic-to-hexagonal transformation in some of 
the alloys. Additional similar relief markings were 
produced whenever such specimens were lightly de- 
formed by rolling, thus demonstrating that the strain- 
induced transformation results in the same habit as 
the spontaneous transformation, namely, as thin 
plates on (111) planes of the face-centered cubic 
matrix, a habit that was also deduced from another in- 
vestigation.” For the type of microstructure produced 
by such a transformation the reader may refer to pub- 
lished micrographs of copper-rich Cu-Si alloys.® 

From the discussion of Anantharaman and Christian 
it appears that the resistance of our cobalt specimens 
against transforming completely at room temperature 
may have been due to our use of massive, fine-grained, 
polycrystalline specimens rather than filings. Filings 
may deform more homogeneously than polycrystal- 
line massive specimens, so that our explanation for 
incomplete strain transformation may not apply in 
such cases. While we made no attempt at an accurate 


determination of the relative intensities of the cubic 
and hexagonal lines, there could be no doubt as to the 
presence of a faint cubic (200) line in the peened 
massive cobalt specimens. With massive polycrystal- 
line samples subjected to severe deformation, there 
would be many microscopic regions where residual 
stresses are of extreme intensity and where these, to- 
gether with the tangled network of dislocations, would 
block the entrance of additional dislocations such as 
those required for the cubic to hexagonal transforma- 
tion. It is not unreasonable that crystalline fragments 
of the cubic phase under these conditions can persist 
through very heavy deformation. 

Regarding the high intensity of the (0002) plus (111) 
line in the cold-worked metal, it should be emphasized 
that the hexagonal component of the line would not 
be widened by faults, and two of the eight components 
of the cubic contribution would likewise not be wid- 
ened by faults; thus there should be abnormally good 
contrast between the line and the nearby background 
which would make for a large apparent intensity on a 
photographic film compared with neighboring lines of 
the pattern, which are made up wholly of components 
that would be widened by faults. Paterson's recent 
analysis of fault widening discusses the nature of the 
widening and displacements of each face-centered 
cubic line in detail.” 

The fact that fault streaks extend out large distances 
from the reciprocal lattice points makes the estimation 
of background intensities between the powder diffrac- 
tion lines uncertain, and background estimation has 
probably been the major source of disagreement be- 
tween different workers who have studied line intensi- 
ties from cold-worked nontransforming metals. With- 
out reliable background determination, the measure- 
ment of line intensities and the role of primary and 
secondary extinction becomes uncertain. In our work 
we did not attempt precise intensity determinations, 
since the Geiger counter spectrometers we tried on 
the problem failed to have a sensitivity in detecting 
weak, very broad lines equal to that of films from a 
small powder camera. We were working, also, with 
polycrystalline material, whereas for precise data on 
intensities in faulted material it might be best to use 
single crystals or pseudo-single crystals. 
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Some Observations of Subgrain Formation 


DISCUSSION, L. A. Carapella presiding 

P. L. Pratt (Metallurgy Div., Ministry of Supply, 
A.E.R.E., Harwell, England)—It is interesting to note 
that break down of the structure in the simplest cases 
represents an approximation to rotation about an axis 
in the slip plane and normal to the slip direction, and 
that this only occurs in large grains where well-devel- 
oped and regular slip bands belonging to a single slip 
system are present. This may fairly be called polygoni- 
zation in the sense originally used by Orowan and 
Cahn." The less regular patterns obtained from smaller 
grains which undergo a more complex type of deforma- 
tion appear to originate from the grain boundaries, and 
this process cannot be called polygonization in the 
strict sense. Garrod, Suiter, and Wood* have recently 
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During Creep in High Purity Aluminum 


concluded that there are three basic stages in the 
mechanism of deformation: slip at room temperature, 
cell formation, and boundary microflow. They could 
not detect slip wit, their electron microscope replica 
techniques in the second and thirc stages, although the 
work of McLean™ makes it clear that fine slip does 
occur. Their conclusion “that the movements at the 
boundaries and sub-boundaries result from a concen- 
tration and irregular passage of dislocations in a manner 
determined by the conditions of deformation” is essen- 
tially the same as that of the present authors who say 
that “the formation of subgrains is indirectly related 
to the slip process in the grain.” The terms “cell- 
formation” and “boundary microflow” perhaps give a 
clearer picture of the deformation than “a polygoniza- 
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tion process due to local bending caused by non- 
homogeneous grain boundary sliding and concurrent 
annealing;” and both papers agree that the behavior of 
the grain boundary is all important in determining the 
nature of the deformation process. 

The difference between polygonization and cell- 
formation can be seen from a consideration of their 
dislocation sources. For the former, in large-grained 
material, a single slip system is used with the most 
active sources grouped far apart, since they operate to 
give visible, coarse slip bands on the surface. Follow- 
ing Mott,” the generation of the elementary lines in the 
slip bands, 2000A in length, is a rapid process, and half 
of the edge dislocations from each source are trapped 
within the crystal by impurities, growth defects, or, 
more important, deformation debris in the form of 
sessile dislocations or deformation bands. These dis- 
locations are polygonized into walls during annealing, 
or deformation at high temperature, but if deformation 
takes place at room temperature the polygonization 
stage cannot occur and no cell structure is observed 

For smaller grained material a single slip system is 
insufficient to maintain grain boundary contact, and 
deformation must take place on many intersecting slip 
systems starting from the boundary. After a small total 
strain, the rapid generation of the elementary slip lines 
must be inhibited, since 2000A slip lines are not pro- 
duced, and the large number of active sources on many 
systems will produce slow-moving dislocations which 
can travel only a short distance before they are 
blocked. The effect of raising the temperature is then 
to permit these blocked dislocations to climb over their 
obstacles by vacancy diffusion, and to migrate into 
walls forming the three-dimensional cell-structure. 

I. S. Servi, J. T. Norton, and N. J. Grant (authors’ 
reply )—More recent work shows that subgrains can, in 
fact, be due to more than one process. Subgrains may 
form due to a process of kinking, in which event the 
boundary is sharply delineated and further deforma- 
tion produces a larger difference in angle between the 
blocks. Subgrains may also form due to polygonization 
as a result of bending in the individual blocks on either 
side of the kink boundary. Subgrains may also form 
by local bending in the absence of kink bands. It does 
appear that finer grained structures would result in 
more kinking with a more irregular pattern, yielding 
the less regular patterns referred to by Mr. Pratt. 
However, the very coarse-grained specimens also show 
these same varieties of subgrains though in different 
proportions and of different distribution because grain 
boundaries play a large role in determining the strain 
distribution in the grains. 

We are pleased to have Mr. Pratt's interpretation and 
differentiation of polygonization and cell-formation in 
which the source of the dislocations is the determining 
factor. 

R. C. Gifkins and J. W. Kelly (Baillieu Laboratory, 
University of Melbourne, Victoria, Australia)—We wish 
to make some comments, mostly on metallographic 
matters, on this interesting paper. These comments 
arise from work we have been doing during the last 18 
months, studying the formation of the cell substructure 
in aluminum and are quite apart from other more gen- 
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Fig. 13 (left)—High-purity aluminum. Deformed 
17 pet at 300°C at 0.17 pct per hr. Repolished, 
anodized and photographed with polarized light 
X150. Area reduced approximately 50 pct for 


Fig. 14 (right)—High-purity aluminum. De 
formed 18.5 pct at 300°C at 0.17 pct per hr 
Repolished, etched to produce pits, then ano 
dized and photographed with polarized light 
X150. Area reduced approximately 50 pct for 


eral points which are relevant to the work published 
from this laboratory by Wood and his coworkers.” 

The results obtained with coarse-grained specimens 
differ from those with fine-grained ones in an impor- 
tant manner, namely, that the former are stated to 
show well developed slip at elevated temperatures. We 
have confirmed the electron microscope observations of 
Garrod, Suiter, and Wood,” by using the phase-contrast 
microscope at a magnification of about «500, to show 
thal silp is not visibie on tine-grained specimens slowty 
strained at 300°C. We have not observed slip, using 
the ordinary microscope, on coarse-grained specimens 
(about 2 mm grain diameter) similarly strained. How- 
ever, we have also confirmed McLean's” observation of 
very fine slip at low strains in specimens deformed at 
200°C and further found that such slip can be “erased”’” 
by annealing at 200°C for two or more days in the ab- 
sence of applied stress. This might account for the 
failure to detect such slip at higher temperatures. 

At 300°C, some grains show coarse, roughly parallel 
lines which are revealed as broad undulations by inter- 
ference fringes. These may be related to the cells 
which occur in bands at temperatures up to about 
200°C as shown by Hino, Shewmon and Beck” and 
McLean,” using the anodic film and polarized light 
technique, and by Rachinger™ using deep etching. We 
have used the anodic film technique to follow the de- 
velopment of cells in fine and coarse-grained specimens 
and have found that the cells very often occur in bands 
of alternately similar orientation, even at 300°C in 
specimens strained at about 0.15 to 0.2 pet per hr. These 
would appear to be analogous to the bands detected by 
Servi et al. using X-ray methods, except that in our 
experiments no visible slip was present. Our experi- 
ments also confirm the suggestion that there is consid- 
erable variation in the cell size in any grain. Fig. 13 
shows a typical area which illustrates this and the 
banded appearance. The micrograph was obtained us- 
ing the anodic film and polarized light technique on a 
specimen of high purity aluminum, about 2 mm grain 
size, repolished and anodized after straining 17 pet in 
98 hr at 300°C. No slip markings were seen on the 
surface. 

We do not agree that the general size of cells is in- 
sensitive to change in temperature of deformation. Be- 
sides our own more recent observations with the ano- 
dic film technique, there is extensive X-ray evidence 
by Wood et al...” and Rachinger” has found the cell-size 
to change with temperature by revealing the cells with 
deep etching in the normal aluminum reagent of 73 pet 
water, 25 pet concentrated nitric acid and 2 pet (48 pet 
strength) hydrofluoric acid. This latter technique shows 
subgrains very clearly. Ramsey” has used it to show 
very faint boundaries in recovery zones of deformed 
aluminum. We also feel that any attempt to correlate 
slip band width with cell size must be regarded very 
cautiously, because of the variation in cell size, unless 
the results are analyzed by statistical methods. 

The metallographic techniques used by Servi et al. 
interested us greatly, particularly the use of Lacombe 
and Beaujard’s pitting reagent. We have used this re- 
agent repeatedly and have been unable either to show 
subboundaries convincingly or to obtain indications of 
subboundaries which coincide with those revealed by 
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the anodic technique. Fig. 14 shows this on a specimen 
deformed at 300°C to 18.5 pct in 109 hr, repolished and 
etched with the three-acid reagent to produce the pits 
and then anodized and photographed with polarized 
light 

With regard to the direct observation of cells by 
surface markings, we feel there are severe limitations 
to this method. We have commented on this else- 
where.” It appears from a comparison of the markings 
obtained with 1—narrow pencil illumination and slight 
de-focusing of the deformed surface, 2 multiple-beam 
interferograms, and 3—the repolished and anodically 
filmed condition, that cellular markings can correspond 
to a number of features other than subgrains. More- 
over, as Betteridge and Franklin” have pointed out, 
similar cellular markings can be obtained or unstrained 
and polished specimens. We believe this to be due to 
imperfect polishing. Another point to remember is 
that Rachinger™ has shown that grains on the surface 
extend, whereas those in the interior do not, although 
both show cell formation. The correspondence of sur- 
face markings to subboundaries revealed by other 
methods is good on specimens which have been strained 
several percent, then repolished and further deformed 
slightly under the same conditions. This has been il- 
lustrated elsewhere.” However, we do not believe that 
these surface markings are the result of flow at the 
subgrain boundaries as suggested by Servi et al. Our 
observations lead us to conclude that such flow is very 
small, but that migration of subboundaries under 
stress can be very marked at 300°C. It is probable 
that this could contribute to the formation of the ob- 
served markings. It may also be possible to explain 
them on the basis of a polygonization hypothesis.* 

We have used the anodic film technique to show that 
the configuration and orientation relationships of cells 
do not change greatly on successive removal of layers 
of about 0.002 in., thus confirming the results of Gervais 
quoted. There also appears to be some relation be- 
tween cells of one grain and those of neighboring 
“rains in regions close to the boundaries. This effect, 
incidentally, is very marked in zine. We would there- 
fore qualify the remark by Servi et al. regarding the 
unique configuration of cells in any grain. 

We feel that it is very important, as Servi et al. point 
out, that X-ray results should be checked against met- 
allographic observations and we would add that caution 
in interpreting the latter is also very necessary, par- 
ticularly when relatively untried etching methods are 
used, Because it gives information about orientation 
differences as well as geometrical configurations, the 
anodic film and polarized light technique is of partic- 
ular value in studying these effects of deformation 

I. S. Servi, J. T. Norton, and N. J. Grant—We very 
much appreciated the comments and interpretations 
advanced by Gifkins and Kelly. Several points prob- 
ably merit comments on our part 

We have not yet made observations of the very fine 
slip at low strains in specimens tested in the tempera- 
ture range of our work. The absence in our case may 
be due to the higher temperatures used as compared to 
the temperatures of 200° and 300°C in McLean's work 
and in the work of Gifkins and Kelly. More recently, 
work in our laboratory confirms the statement that 
the subgrains are definitely sensitive to changes in the 


temperature of deformation. Working at temperatures 
above 550°C, we have, in fact, noted that the tempera- 
ture is quite instrumental in determining the size of the 
resultant subgrains. We feel that it is difficult to differ- 
entiate the relative effects of stress and temperature, 
however by working at extremely high temperatures 
approaching the melting point, we have since been able 
to show a distinct coarsening in subgrain size with in- 
creasing temperature. We also agree that the cell size, 
which varies very markedly from one location in a 
grain to another, is a poor quantity to correlate with 
slip band spacing. However, in the research under dis- 
cussion, the cell size was the cell size which existed in 
the vicinity of the slip bands, and this may correlate 
better than either the average cell size or the range of 
cell sizes which can exist in any one grain. 

We believe that there is a very simple explanation 
to offer regarding the use of the Lacombe and Beaujard 
pitting reagent. Most of our work in which we were 
able to get fine delineation of subgrains by means of 
etch pits took place at temperatures higher than 550°C 
At these high temperatures the subgrain size is ex- 
tremely coarse, so coarse in fact that it is very much 
larger than the size of individual etch pits. Under such 
test conditions the etch pits readily delineate the sub- 
structure; however, at temperatures as low as 300°C, 
the subgrain size is so small that the etch pit technique 
does not work well at all. Direct observation of cells 
by surface markings as a primary mode of observation 
is, in fact, subject to severe limitations. We have on 
occasions, however, been able to utilize such markings 
to advantage in determining where to look more close- 
ly by means of X-rays or other etching techniques. 

The average subgrain size or range of sizes on the 
surface and in the interior of specimens is about the 
same. We have determined this recently. The forma- 
tion of folds, of sharp kink bands, and of slid grain 
boundaries which are readily noted on the surface of 
specimens must, of course, be compensated for in the 
interior of the specimen unless one wishes to suggest 
voids are forming below the surface to compensate for 
such surface changes. By intuition, therefore, it is 
necessary to believe that surface markings such as 
raised areas must be compensated for internally. Evi- 
dence of grain boundary migration on the inside of the 
specimen, however, cannot be checked by any method 
known to the authors. We have recently developed 
other etching techniques, including a very slow elec- 
trolytic etching method, which has thrown further 
light on the nature of the structures present, and has 
helped to correlate the results previously observed by 
means of X-rays and the etch pit techniques. These 
results should appear shortly. 
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Discussion of ref. 23. Journal 


DISCUSSION, L. A. Carapella presiding 


C. S. Roberts (Metallurgical Laboratories, The Dow 
Chemical Co., Midland, Mich.)—The authors’ excellent 


metallography and clear analyses certainly yield valu- 
In the 


able conclusions about grain boundary creep. 
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course of a fundamental research on the creep of mag- 
nesium-rare earth alloys, under sponsorship of Wright 
Air Development Center, I have conducted metallo- 
graphic studies of unalloyed magnesium. The grain 
boundary deformation becomes more important with 
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increasing temperatures and decreasing secondary 
creep rate. 

I should like to supplement the authors’ conclusions 
by showing that under proper conditions with mag- 
nesium the process does appear to be restricted to a 
thin layer in the vicinity of the grain boundary. In 
these circumstances the polished grain surfaces remain 
relatively smooth. The micrographs in Fig. 12 show 
creep of rather fine-grained electrolytic magnesium at 
600°F and 900 psi. The material was tested in the ex- 
truded condition. The electropolished surface was pro- 


tected by a thin layer of silicone oil during creep 
The cyclic nature of the process is nicely emphasized. 
Alternate boundary sliding and migration can even 
lead to complete consumption of grains, as is illus- 
trated by a small grain in the top center of the field. 

The boundary deformation is supplemented here by 
subgrain formation. At lower temperatures and higher 
creep rates where the migration probably cannot play 
its part fully enough, the roughening and breakup at 
the boundaries shown by the authors in Fig. 10a 
appears. 


Fig. 12—Extruded electrolytic mag- 
nesium at 600°F and 900 psi. 
Stress axis vertical. X250. Area 
reduced approximately 50 pct for 


reproduction. 


a (left)—Electropolished and 


etched. 


b (right)—2 pct creep. 


c (right)—4 
creep 


d (left)—8 pect 
creep. 


Mechanical Properties of Intermetallic Compounds at Elevated Temperatures 


by Robert Lowrie 


DISCUSSION, L. A. Carapella presiding 

F. R. Morral (Div. of Metallurgical Research, Kaiser 
Aluminum and Chemical Corp., Spokane, Wash.)—The 
determination of mechanical properties of intermetallic 
compounds at elevated temperatures as well as at room 
temperature will permit a better understanding of the 
behavior of the materials in which they are present. 
Microhardness measurements of intermetallic phases 
have been made on occasion.* 


* AleCr microhardness 510 kg per sq mm 


On p. 1099, it is stated that * . the structures of 
AlL.Cr, Al,Cr, and Cu,Si have not been solved and are 
presumably complex.” It may be of interest to note 
here that AlL.Cr has been reported as monoclinic” and 
orthorhombic.““ The diffraction pattern of ALCr is 
similar to that of Al,Cr.™ 


The crystal structure of Cu,Si is stated to have a 
hexagonal lattice’ which comes close to having body- 
centered cubic atom arrangements; body-centered 
cubic with 19 Cu.Si groups in the unit cell has also 
been suggested.” 

R. Lowrie (author's reply)—As Dr. Morral points 
out some work has been done on the structures of 
ALCr, AlLCr, and Cu,Si. The fact that in none of these 
investigations were the atomic coordinates in the unit 
cell determined forms the basis for my statement that 
the structure may be presumed to be complex. 

" Hanemann and Schrader; Atlas Metallographicus Bd III, p. 1 

* W. Hofman and H. Wiehr: Ztsch. Metallkunde (1941) 83, p. 369 

“A. J. Bradley and S. S. Lu: Journal Inst. Metals (1937) 60, p 
319. 

“K. Little: Unpublished work mentioned by J. N. Pratt and G 
V. Raynor: Journal Inst. Metals (1951-1952) p. 456 

*S. Arrhenius and A. Westgren: Ztsch. Phys. Chem. (1931) 14, 
pp. 66-79 

*K. Sauter: Special report, M. Hansen: Afbau der Zweistofflegier- 
ungen (1936) p. 628 


Dynamic Formation of Slip Bands in Aluminum 


DISCUSSION, T. E. Leontis presiding 


P. Haasen and G. Leibfried (Institut fiir Theoretische 
Physik, Universitat Gottingen, Gottingen, Germany) 
Chen and Pond have measured the lengthening of 
slip bands (propagation of slip in the surface) on 
aluminum crystals. On the top surface they measured 
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velocities up to 7.6 mm per sec. They state that deep- 
ening of slip lines (propagation of slip in direction of 
glide) may be seen on their pictures. 

By cinematographical research on the same metal 
(Al 99.99 pet) made recently’ we can give some sup- 
plementary information on the work of Chen and 
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Pond. On the top surface we obtained velocities of 
lengthening up to 1/100 mm per sec. The difference 
between our measurements and those of Chen and 
Pond may be caused by the manner of loading and of 
preparing the surface. The authors applied the load 
continually with relatively high speed, we loaded by 
steps and observed the development of lines under 
constant load. The authors polished their crystals me- 
chanically first, then electrolytically, we polished elec- 
trolytically only. 

Furthermore we measured the deepening of slip lines 
photometrically. Fig. 15 shows the development of a 
line (frequency 50 frames per sec; in the figure every 
fifth frame is shown, Le., the frames are taken every 
1/10 sec; just before the first picture the shear stress 
was raised from 320 g per sq mm to 360 g per sq mm). 
Fig. 16 shows the intensity measuring the increasing 
amount of shear in this line. It is seen that the in- 
tensity increases by steps (for other lines the structure 
is even more steplike).* The average depth of lines 

* It is possible that one step corresponds to the formation of a 
new lamella in the slip band 
may be calculated by line-density and strain. The 
maximum velocity of deepening may then be shown to 
be 1/100 mm per sec. 

We wish to emphasize that these velocities, meas- 
ured in the experiments above, cannot be identified 
directly with velocities of dislocations without some 
care. In the following some possible explanations are 
discussed. 

On the top surface deepening is caused by edge dis- 
locations moving into the surface. These dislocations 
are generated by the source nearest to the surface. If 
the velocity of dislocations moving away from the 


source is the process terminating the speed of deepen- 
ening v. then this velocity is given by v v 
where b is the length of Burgers vector, | the average 
distance, and v the velocity of edge dislocations mov- 
ing to the surface. If l/b 10‘ and v, equals the above- 
measured maximum value, v is smaller than 100 mm 
per sec (i.e., 10° - velocity of sound) in contrast to the 
interpretation of Chen and Pond. 

Lengthening on the top surface may be caused either 
by moving screw dislocations along the surface or by 
the successive emerging of neighboring parts of edge 
dislocations on the surface. The second process can be 
terminated also by the velocity of screw dislocations 
in the interior if the neighboring edge dislocations be- 
long to different sources separated by some obstacle. 
The screw dislocations of the first source are piled up 
at the obstacle and stimulate the second source by 
their stress field, etc. In this case the speed of length- 
ening would be of the order of the velocity of screw 
dislocations (i.e., 10° times smaller than the velocity of 
edge dislocations). Near the side surface the behavior 
is analogous to the roles of edge and screw dislocations 
being changed. On the side surface then the speed of 
lengthening might be equal to the velocity of edge dis- 
locations, while the velocity of deepening is 1/b times 
smaller than the velocity of screw dislocations. The 
possibilities discussed above show that the special 
model of plastic gliding plays an important role in 
calculating dislocation velocities from measurements 
of propagation of slip lines. 

N. K. Chen and R. B. Pond (authors’ reply)—It 
seems that the rate of loading is a predominating fac- 
tor in determining the rate of slip propagation. If the 
step-wise loading used by Becker and Haasen" is com- 
pared with the continuous loading used in the present 
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Fig. 15.—Deepening of a slip line on the top surface. X440. Area reduced approximately 60 pct for reproduction 
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investigation, the average rate of loading (also the 
rate of elongation) in the former case is smaller by a 
factor of about 30 than the rate which we used. This 
would account for the slower rate of propagation per- 
pendicular to the slip direction (10 microns per sec) 
which they observed as compared with a maximum 
rate of 7600 microns per sec in the present case. 

It is interesting to see that Drs. Haasen and Leib- 
fried were able to determine photometrically the rate 
of propagation in the slip direction. In this respect, we 
can point out that we have measured the increase in 
width of many slip bands from their appearance in the 
top surface (specimen A311). It seems a fair assump- 
tion that the increase in width of a slip band at this 
position should correspond to an increase of shear 
either by the formation of new lamellae in the slip 
zone or by additional slip in each lamella already 
formed. This is essentially based on the same principle 
which Drs. Haasen and Leibfried adopted in the meas- 
urement of slip lines by the photometric method. A 
typical curve is shown in Fig. 17 where the width of a 
slip band is plotted against time. It is noted that the 
width of the band increases in a step-like manner 
which is quite similar to the intensity-time plot re- 
ported by Drs. Haasen and Leibfried. It should be 
pointed out that great accuracy cannot be claimed from 
this type of measurement due to lack of sharpness of 
the slip band after enlargement. In general, how- 
ever, three to five steps can be found in each curve and 
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Fig. 16—Intensity-time plot for the slip line growing in 
Fig. 15, time in 1/10 sec 

the shortest time interval for the step is 1/32 sec, Le., 
within the camera speed at 32 frames per sec. If it is 
true that each step represents the formation of a Hei- 
denreich-Shockley lamella of 2000A thickness, then 
the maximum rate of its formation is calculated to be 
0.64x10° mm per sec. While this rate is of the same 
order of magnitude as that reported by Becker and 
Haasen for maximum “deepening” of slip lines in their 
experiments, it may be merely coincidence in view of 
the difference in rate of loading used in both cases. 
On the other hand, if this rate were actually insensi- 
tive to the rate of loading, it would indicate that slip 
may build up under the surface and only break 
through in a finite time when enough has collected. 

It is agreed that the observed rate of slip propaga- 
tion on the specimen surface cannot be directly identi- 
fied in terms of dislocation movements in the interior 
of the specimen. In the case of edge-type dislocations, 
this consideration is especially important since the 
movement of edge dislocations which is much faster 
than the screw-type dislocations has not been detected 
directly on the side surface. In order to assume that 
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Fig. 17—Increase in width of a slip band during time of 

loading. Strain rate is 0.00053 per sec, specimen A311 


the increase in intensity or in width of a slip band on 
the top surface is caused by the edge dislocations en- 
tering into the surface, we must first postulate that 
these dislocations can pass through the surface within 
the time interval of measurement without first being 
trapped underneath the surface. If this is true, the fac- 
tor l/b, as pointed out by Drs. Haasen and Leibfried, 
certainly should be multiplied to the observed rate to 
give the rate of moving edge dislocations (where lL is 
the distance from a source which nucleates the partic- 
ular slip band and b is the amount of the Burgers vec- 
tor). It is understood that the degree of imperfections 
in the crystal would modify the factor |[/b, and hence 
the calculated rate of edge dislocations. 

Finally it is useful to cite one way which Dr. Cahn' 
pointed out to account for the sudden appearance of 
slip bands on the side surface. Cahn suggested that 
since the screw dislocations move much more slowly 
than edge dislocations, the dislocation loops provided 
by Frank-Read source may take up an elongated rec- 
tangular shape instead of a circular one, with the edge 
components forming the shorter sides. Eventually the 
edge dislocations run out of the crystal while the 
screws form into two close bunches and move across 
the slip plane both ways. Judging from Fig. 1, the dis- 
tance over which the slip line “fades out” (in frames 
2234 and after) is about 70 microns. Most of the screw 
dislocations must be parked in this region, and when 
they have spilled over the edge of the crystal, the slip 
line will have appeared fully developed on the side 
surface. Assuming a velocity of the screw dislocations 
of 7000 microns per sec, then the whole bunch will 
spill over the edge in 0.01 sec, which is less than the 
time between successive film frames. This would be 
one way to account for the sudden appearance of slip 
lines on the side face, which in itself, however, does 
not give the rate of propagation of edge dislocations. 

" R. Becker and P. Haasen: To be published 

* A. F. Brown and R. W. K. Honeycombe: Philosophical Magazine 
(1951) 42, p. 1046. These authors have shown that different surface 
preparation greatly influences the appearance of slip lines in the 
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W. Cahn: Private communication 


Surface Effects in the Slip and Twinning of Metal Monocrystals 


DISCUSSION, T. E. Leontis presiding 


J. Takamura and H. Nishimura (Dept. of Metallurgy, 
Faculty of Engineering, Kyoto University, Kyoto, Ja- 
pan)—The axial twisting described in this paper is of 
particular interest to us because of a similar investiga- 
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tion in face-centered cubic monocrystals being com- 
pleted in our laboratory.” Axial twisting in simple 
tension was observed in all single crystals, without 
exception, of aluminum and copper whose lower ends 
were freely suspended. Crystals of shape B were used 
in our investigation and had the following dimensions: 
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1 to 2 mm thick, 5 to 20 mm wide, and 50 to 200 mm 
long. Fig. 10 gives an example of the reverse turn of 
twisting caused by deformation bands. The figure 
shows that the twisting in cubic crystals does not al- 
ways increase progressively with increasing elonga- 
tion as in the case of zinc crystals described in this 
paper, but it is sensitively affected by the secondary 
slip systems or such inhomogeneities as deformation 
bands or the clustering of slip bands. 

We would like to ask the authors if they could give 
us any further information concerning the twisting of 
tin crystals which have many latent slip systems as 
cubic crystals. This paper described that tin crystals 
of shape A revealed the serrated corners as tensile 
kink bands. The fact is that the twisting was not uni- 
form along the length of the crystals, and it is differ- 
ent from the twisting of zinc crystals. Did the twisting 
of tin crystals of shape A increase progressively with 
increasing deformation as in zinc crystals, or was the 
twisting affected by the inhomogeneities produced at 
the corner as in the twisting of cubic crystals? Since 
it is only natural that the axial twisting is caused by 
the heterogeneity, as pointed out by the authors, the 
twisting can be expected also in tin crystal AK of 
shape B which revealed the inhomogeneities at the 
corner. What can be the reason that the twisting did 
not occur in the tin crystal? 

It is an important effect that zinc crystals of shape 
B did not exhibit the axial twisting; whereas in alumi- 
num and copper monocrystals of shape B, the twisting 
was observed from the beginning of the plastic elonga- 
tion where inhomogeneities were not yet revealed and 
only the single slip system was actually operative. 
Would the above-mentioned difference be attributable 
to that of the experimental procedure in both investi- 
gations, especially to the technique of gripping the 
specimen? If this is not the case, the difference in 
twisting between hexagonal and cubic crystals must 
be explained by a different process of deformation. 

P. L. Pratt (Metallurgy Div., Ministry of Supply, 
A.E.R.E., Harwell, England)—The authors have shown 
strikingly in the first part of their paper that the 
shape of single crystals of zinc and tin may determine 
the details of their plastic deformation, and that, where 
the shape has an odd order of symmetry, rotational 
slip occurs owing to the preference of translational 
slip for the shortest path in the crystal. In the case of 
aluminum Wu and Smoluchowski™ showed that the 
preference can only be found in thin plates with a 
cross-section ratio of about 10 to 1, whereas in sodium 
chloride under equivalent conditions it is found con- 
sistently even when the ratio is as high as 10 to 9. The 
essential difference between glide in aluminum and in 
sodium chloride is that in the former the individual 
elementary slip processes are not continuous across 
the crystal, whereas in sodium chloride they are con- 
tinuous from one side to the other. This suggests that 
in the thin aluminum crystals the shortest path was 


\ 
\ 
| } 
| 
4 — —+———4 
| | 
| 


4 0 
TWISTING ANGLE 
Fig. 10—Correlation between the axial twisting angle and the 
stress-strain curve in aluminum single crystal. The crystal was 1.5 
mm thick and 15 mm wide. See ref. 30 for further details. 
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short enough not to contain any barrier to slip in the 
form of deformation bands or intersecting slip systems. 

Zinc and tin behave like sodium chloride in that slip 
is continuous across the crystal, and the authors were 
perhaps fortunate in their choice of material for the 
discovery of this phenomenon. If this interpretation 
is correct, the effect should also occur in face-centered 
cubic crystals undergoing easy glide (small diameter, 
high purity, clean surfaces), where there is little hold- 
up of slip within the crystal. 

The results of the work on metal surface films indi- 
cate in the authors’ words, “that an important effect of 
a plated surface film is to impede the exit of disloca- 
tions from crystals.” Have the authors any micro- 
scopical evidence of a difference in the amount of slip 
on each slip plane in plated and unplated crystals? 
It seems natural to account for the surface effects on 
plasticity in this way, and there should be a visible 
difference in the height of the slip steps on the surface. 
The effect of a ductile metallic film appears to be less 
harmful than the brittle oxide film which leads to 
cleavage.” 

In sodium chloride the contracted surface layer acts 
in an analogous manner to these surface films on met- 
als in that it retains slip within the crystal at room 
temperature if the surface is dry. The well known 
brittle fracture occurs after about 1 pct extension un- 
less the surface layer is rendered harmless either by 
immersing in water, or by raising the temperature. 
Either frees the surface in such a way that the dis- 
locations emerge in the form of visible slip bands, and 
the material becomes plastic and ductile. 

J. J. Gilman and T. A. Read (authors’ reply)—The 
authors were happy to learn of Dr. Pratt's very inter- 
esting work with rock salt and in particular that his 
data confirm the “slip distance” effect which was dis- 
covered by Smekal and his school. The role played by 
the “slip distance” is not clear to the authors because 
recent work by Makin on cadmium and one of the 
present authors on zinc indicates a preference in these 
materials for a long slip distance instead of a short slip 
distance as found by Dr. Pratt. The situation is com- 
plicated by the fact that the slip distance and the new 
surface area created by a unit slip process are nearly 
inversely proportional to one another. This makes it 
difficult to decide whether effects which are attributed 
to “ship distances” are really volume phenomena since 
surface phenomena may explain the data equally well. 
Furthermore, for the case of aluminum, it is known 
that deformation bands form more readily in thin 
specimens than in thick ones and this may be the rea- 
son for the “slip distance” effect in that material. 

The authors have qualitative evidence that the dis- 
tribution of slip step-heights is more uniform and the 
maximum slip step-heights smaller for plated crystals 
than for clean ones at constant strain. This has also 
been observed by E. Parker and his school. 

Dr. Pratt’s interpretation of the “wetting effect” for 
rock salt is in accord with the expectations of the au- 
thors and it is hoped that his point of view will be 
supported by his experimental evidence. 

We were also interested in the work of Takamura 
and Nishimura. Unfortunately, we were not able to 
locate their reference so we cannot compare our work 
with theirs. We measured the twisting of our speci- 
mens along the gage length to avoid end effects. The 
results might be quite different if the rotation of grips 
relative to each other is measured. We did, in fact, ob- 
serve grip rotation for,rectangular crystals of zinc, 
but there was no twisting (approximate sensitivity was 
‘4 deg per in.) within the gage length. 

Little work was done on the twisting of tin crystals, 
but the twisting did seem to increase progressively 
with increasing deformation. It was not uniform along 
the length because the deformation was nonuniform. 

* H. Nishimura and J. Takamura: Tech. Reports Eng. Inst., Kyoto 


University (1952) 2, pp. 139-170 
“J. J. Gilman: Trans. AIME (1951) 191, p. 1148; JournaL oF 


Metats (December 1951) 
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DISCUSSION, T. E. Leontis presiding 


P. A. Beck (Dept. of Metallurgical Engineering, Col- 
lege of Engineering, University of Illinois, Urbana, Ill.) 

-The experiments of Washburn and Parker demon- 
strate that the low energy boundaries formed in zinc 
crystals during deformation by the kinking mechanism 
can move quite freely under the influence of an ex- 
ternally applied stress. As the authors themselves point 
out, the kink boundaries studied by them are similar 
to the subboundaries found in plastically deformed 
polycrystalline material. The stress-induced move- 
ments of the kink boundaries are, therefore, undoubt- 
edly related to the phenomenon of the acceleration of 
subgrain growth on annealing when the specimen is 
stressed.’ Apparently, ordinary grain boundaries are 
not subject to this effect.” 

In the paper, the formation of kink boundaries or 
subboundaries is described as a result of simultaneous 
bending and polygonization. This may imply that the 
collection of the dislocations into sharp boundaries is 
greatly dependent on thermal activation. On the other 
hand, recent results obtained by Hirsch and his col- 
laborators in England" indicate that subgrain forma- 
tion takes place even when high melting metals, such 
as iron and nickel, are cold-worked at room tempera- 
ture. Also, Cohen found” that subgrains are formed in 
zine even when deformed at liquid nitrogen tempera- 
ture. These results suggest that subgrain formation may 
take place with very little or no thermal activation. 
It now appears quite certain that the breaking up of 
the Laue asterism streaks into individual dots when 
bent single crystals are annealed, which was originally 
attributed to polygonization, is actually a result of the 
thermally activated growth of the very small sub- 
grains, originally formed during plastic deformation. 
The low resolution X-ray techniques employed in the 
early work on polygonization were unable to detect 
the subgrains until after they have grown to fairly 
large sizes; the much higher resolution X-ray tech- 
niques now available show their presence directly after 
plastic deformation. It now seems very probable that 
the process originally designated as “polygonization,” 
namely the thermally activated sectionwise straight- 
ening of bent crystals, does not actually occur. 

The process of subgrain growth is, of course, ther- 
mally activated. The strong dependence of the size of 
mechanically formed subgrains upon the temperature 
of plastic deformation, as demonstrated by Wood and 
his collaborators,’ suggests that there may be some 
thermal effect involved also in the formation of the 
subgrains during deformation. It would be very desir- 
able to study this question more fully by carrying out 
the plastic deformation at temperatures as near to ab- 
solute zero as possible and by using X-ray diffraction 
methods of the highest possible resolving power 

P. L. Pratt (Metallurgy Div., Ministry of Supply, 
A.E.R.E., Harwell, England)—The authors claim that 
“at 196°C when a thin wafer is cleaved from a large 
zine crystal by introducing a wedge at one surface, a 
sharp boundary is formed which follows the base of 
the advancing cleavage crack.” I should like to know 
what evidence they have for this claim since, in our 


Fig. 7 (upper left) 
and Fig. 8 (lower 
left) — Cleavage of 
single-crystal rods of 
TAME oF zinc 
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experience at Harwell, the continued advance of the 
cleavage crack under these conditions is only possible 
when this type of kinking does not occur. The tensile 
stress responsible for cleavage normal to the tip of the 
crack, Fig. 7, is created by the stiffness of the bent 
beam already cleaved; if the bending stresses are re- 
laxed by such a kink, Fig. 8, the cleavage run is 
stopped. In fact a sharp boundary is formed at the 
base of the cleavage crack only when the cleavage has 
halted. 

The occurrence of a series of kinks at high tempera- 
ture and low strain rates in single crystals of zinc is 
most interesting, while the authors’ discovery of the 
mobility of dislocation boundaries has taken its place 
in the history of metal physics. Recently Mr. Pugh and 
I” have observed the mobility of more complicated 
boundaries on the cleavage face of zinc single crys- 
tals. Twin accommodation boundaries” will move at 
right angles to a slip direction on the basal plane 
under the shear stresses set up by widening of the 
twin; and these boundaries must contain dislocations 
with Burgers’ vector alternately in the two directions 
at 60° to the kink. More generally, curved mosaic 
walls, stable at high temperature, will move in a direc- 
tion inclined to the slip direction, but parallel to the 
applied shear stress. Curved walls, if they are to be 
stable in a fully annealed crystal, must consist of a 
complex array of dislocations. This array must in- 
volve some dislocations whose length does not lie in 
the basal plane, while all may be of mixed edge and 
screw type. Therefore, when such walls move, slip 
cannot be confined to the basal plane alone. 

J. Washburn and E. R. Parker (authors’ reply )—The 
authors wish to thank Professor Beck for his com- 
ments. The fact that dislocation boundaries do move 
under stress even at low temperatures is illustrated by 
the photographs of Fig. 9 showing two stages in the 
cleavage of a slab 1 in. thick from a spherical single 
crystal of zinc. A small angle boundary, revealed by 
the sharp change in brightness of reflected light, is 
seen to advance with the advance of the cleavage 
erack. Further work to be published soon has shown 
that the stress necessary to move a dislocation bound- 
ary increases with boundary angle. This means that 
when two boundaries join, the stress required to move 
the resulting combined boundary is’ considerably 
greater than that which was necessary to move either 
individually. Formation of subgrains during low tem- 
perature deformation probably involves this sort of 


Fig. 9—Motion of a small angle boundary above the tip of an 
advancing cleavage crack. Pictures show two stages in the cleavage 
of a wafer '@ in. thick from a spherical crystal of zinc. 
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collection of boundaries to form less mobile larger 
angle subgrain boundaries 

In answer to Dr. Pratt: it is hard to say why he was 
unable to observe the advance of a boundary with the 
growth of a cleavage crack. The fact that this does 
occur under some conditions is shown by Fig. 9. It 
should be pointed out that the boundary angle remains 
approximately constant during the motion and there- 
fore its presence does not involve relaxation of the 
tensile stress normal to the cleavage plane at the base 


of the crack. The mobility of twin accommodation 


boundaries and of curved boundaries has also been 
observed by the authors. 


*W. A. Wood and R. F. Scrutton: Mechanism of Primary Creep 


in Metals. Journal Inst. Metals (1950) 77, pp. 423-434 

“J. Hino, P. G. Shewmon, and Paul A. Beck: Effect of Simul- 
taneous Strain on Subgrain Growth. Trans. AIME (1952) 194, pp 
873-874; Journnat or Metats ‘August 1952) 

* Paul A. Beck: Interface Migration in Recrystallization. Sympo- 


sium on Metal Interfaces (1952) pp. 208-247. Cleveland. ASM 
" P. B. Hirsch: Private communication 
'* Morris Cohen, MIT: Private communication 


” P. L. Pratt and S. F. Pugh: A.E.R.E. Report M R 1031 
”™P.L. Pratt and S. F. Pugh: Journal Inst. Metals (1951-1952) 80 
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DISCUSSION, T. A. Read presiding 


M. N. Parthasarathi and B. R. Nijhawan (National 
Metallurgical Laboratory, Jamshedpur, India)—We 
have noted with interest the explanation of the central 
white spot given by Weld and his coworkers. We are 
working on a similar subject and would like to take 
this opportunity to discuss some points in the light of 
our work. 

It was felt that a systematic metallographic exami- 
nation of one or more specific nodules across their dif- 
ferent parallel sections would throw light not only on 
their structure but also on the tenability of different 
hypotheses so far proposed to explain the central white 
spot, “radial” structure, etc 

It has thus been possible to substantiate experi- 
mentally the observations of Weld and others regard- 
ing the central white spot. Fig. 7 shows the changes 
observed in the microstructure of graphite nodules at 
sections near and away from the center. The white 
spot was observed only in sections away from the cen- 
ter. It was not observed in sections through or near 
the vicinity of the center of the nodule. Regarding the 
relationship between the area of the nodule section 
and the size of the white spot at its center, the latter 
was observed to be large in sections near the periphery 
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of the nodule. The spot tended to shrink (Fig. 7) to a 
point as the plane of polish approached the center of 
the nodule. This tendency of the white spot to shrink 
or enlarge, depending upon the position of the plane 
of polish, was found to hold good in general, although 
minor deviations were observed in a few sections. 
These may be attributed to changes in shape and size 
of the central crystallites, since such factors determine 
the form and area of the central white spot. Sections 
of the same nodule with smaller cross-sectional areas 
(lying close to the periphery) show bigger white spots, 
while central sections with larger cross-sectional areas 
exhibit no white spot or merely a point. 

Our study has shown that “radial’’ structures were 
observed only in sections taken near the center, while 
sections taken away from the center showed the “struc- 
tureless” pattern. The schematic diagram presented by 
Weld and others (Fig. 4) can be used to explain the 
radial and structureless nodule. If a nodule is sec- 
tioned near its periphery, basal planes of the constitu- 
ent crystallites would lie more or less parallel to the 
sectioning plane. Such a section shows the structure- 
less pattern. In a section passing through the center 
of the nodule, the basal planes would meet this section 
at approximately 90°. Such a section exhibits a typi- 
cally radial structure. This transition from the struc- 


Fig. 7—Diagramma 
tic sketch depicting 
the changes observed 
at sections near the 


i center and away 
from it. The photo- 
graphs presented 


here belong to one 
of the nodules taken 
for study. The hori- 
zontal lines inside 
the circle represent 
approximately the 
thickness of the sec 
tions. Plane polar 
ized light. X1570. 
Reduced to 1/25th. 


TRANSACTIONS AIME 


eee Ose? OD 


tureless to the radial structure is gradual as anticipated 
from the diagram. Radial structure appearing first at 
the periphery of the sections tends to envelop the en- 
tire section as the plane of polish approaches the cen- 
ter of nodule. 

Further, structureless pattern was observed to be 
usually associated with the central white spot. This 
can be readily understood since the white spot is ob- 
served only in sections away from the center. It is also 
possible to come across a microsection of the nodule 
wherein both the central white spot and the radial 
structure are observed. Such a section is found to lie 
in a fortuitous position where the structureless pat- 
tern tends to merge into the radial structure. 

The change in the smoothness of the area adjoining 
the white spot as shown in Fig. 6 was not observed 
by us. 

H. M. Weld, R. L. Cunningham and F. W. C. Boswell 


(authors’ reply)—Messrs. Parthasarathi and Nijhawan 
are to be congratulated for their successful metal- 
lographic examination of a single graphite nodule in 
many sections. Their work provides visual evidence of 
the variation in size of the bright central spot in a 
succession of planes through the nodule and thereby 
forms a confirmation of the structural hypothesis sup- 
ported in our paper. 

It is understandable that the commentators would 
not observe the change in smoothness in the areas ad- 
joining the central spot when using a light microscope. 
The fact that the structure of the graphite is well re- 
solved in Figs. 3 and 5 is the result of the replica tech- 
nique employed, together with the higher resolving 
power of the electron microscope. 


“A. IT. Krynitsky and H. Stern: Foundry (1952) 80, No. 3, p. 106; 
No. 4, p. 98 


DISCUSSION, T. A. Read presiding 


C. R. Lillie and J. K. Stanley (Engineering Research 
Dept., Standard Oil Co. (Indiana), Chicago)—The 
author is to be congratulated on his presentation of 
further data on the process of recrystallization in 
metals. It is gratifying to the writers that these data 
substantiate the concept of nucleation and growth as a 
valid mechanism for recrystallization. 

Eq. 2 in the paper was developed to be applied to 
recrystallization in which the diameter of the recrys- 
tallized grains is many times the specimen thickness, 
and is not valid for the case of three-dimensional re- 
crystallization wherein the recrystallized grains are of 
a diameter less than the specimen thickness. Since the 
largest grain reported by Dr. Reiter is about 0.035 in. 
in diameter (Fig. 7), while the sheet thickness was 
0.042 in., the experimental conditions were not truly 
two-dimensional in character, and the agreement of 
experimental and calculated curves shown in Fig. 8 
may be considered to be fortuitous 

Data obtained by one of the writers for the recrys- 
tallization of low-carbon steel, in which all cementite 
was spheroidized, show activation energies for nuclea- 
tion, growth, and overall recrystallization which are 
somewhat lower than those reported in this paper. 
While this difference may be related to Dr. Reiter’s 
proposal that pearlite patches slow down recrystalliza- 
tion, it should not be overlooked that the results 
of three-dimensional recrystallization analysis may be 
expected to differ from those based on two-dimensional 
analysis. 

S. F. Reiter (author's reply)—I would like to thank 
the discussers for their comments on this paper. The 
conditions for the use of the two-dimensional analysis 
originally stated by Johnson’ have been extended in 
the present case. The validity of this extension will be 
demonstrated by some further calculations. 

First, an error was found in the values presented for 
a and b, the constants of the nucleation rate equation, 
Eq. 1. The corrected values are: a — 4.55x10° per sq 
cm per sec; and b 1.14x10~° per sec. This correction 
does not appreciably affect. the calculated curve shown 
in Fig. 8, based on Eq. 2. 

The values of N reported in the paper were deter- 
mined by observing the rate of crystal formation on 
the surface. In order to convert this value to a three- 
dimensional nucleation rate,’ it is merely necessary to 
divide by the sheet thickness and multiply by two. The 
latter step is included to obtain a nucleation rate com- 
parable with one determined at the mid section, where 
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Recrystallization Kinetics of Low Carbon Steel 


Table Vil. Comparison of Calculated Recrystallization Curves with 
the Data for 0.08 Pct C Steel, Elongated 8 Pct, 700°C 


Pet Recrystallized 


Two- Three- 
Time, Min Dimensional Observed Dimensional 
25 11 05 06 
35 ty 3.7 2.8 
50 15.6 20.4 14.8 
70 57.8 79.0 62.3 
100 99.9 92.0 99.9 


grains are observed which are nucleated both above 
and below the observation plane. 

It is now possible to evaluate the nucleation con- 
stants a and b of Eq. | for three-dimensional nuclea- 
tion. Using the data obtained for lot A steel recrys- 
tallized at 700°C after 8 pct elongation, a -- 85.3x10°* 
per cu cm per sec and b maintains the same value as 
above. Eq. 10 derived by Johnson and Mehl” may now 
be employed to calculate a three-dimensional recrys- 
tallization curve 


f(t) =1-—e (.» ) [10] 


In Table VII, values for the percent recrystallized 
are listed from the data and from the calculations 
using recrystallization Eqs. 2 and 10. 

It is apparent that both methods of analysis agree 
equally well with the actual data. In the present in- 
vestigation the use of the two-dimensional analysis is 
therefore held to be valid. 

The experimentally determined curve, shown in Fig. 
8, falls below the calculated curve after 85 pct re- 
crystallization because the nucleation rate is decreas- 
ing rapidly. In the calculated curve, N is assumed to 
continue to increase exponentially. This assumption is 
shown by Fig. 7 to be incorrect. 

It is to be expected that the activation energies for 
nucleation, growth, and overall recrystallization in low- 
carbon steel will be affected by both the carbon content 
and the condition of the carbide. The interference 
with grain boundary migration produced by carbide 
particles is an important subject, worthy of further 
study. 

In the paper, on p. 976, Table III, the units for N are 
10° per sq cm per sec. 
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Effect of Molybdenum and of Nickel on the Rate of Nucleation and the Rate 


Of Growth of Pearlite 


DISCUSSION, T. A. Read presiding 


E. E. Stansbury and J. H. Frye, Jr. (University of 
Tennessee, Knoxville, Tenn., and Oak Ridge National 
Laboratory, Oak Ridge, Tenn., respectively)—The dis- 
cussers are pleased to see additional data on the aus- 
tenite-pearlite reaction by Dr. Mehl and his coworkers. 
The contributions which their critical researches have 
made to an understanding of this complex process are 
indeed great and also serve to point out the amount 
of additional work necessary to explain the observed 
growth process. The data and discussions of the pres- 
ent paper are of particular interest to us, as it is re- 
lated to work along similar lines now in progress in 
our laboratories 

In a recent review” of the eutectoid transformation, 
the factors involved in establishing theoretical growth 
rate expressions were analyzed with the conclusion 
that the most reasonable explanation of the large effect 
of alloying elements on the growth rate lies in the 
necessity for the diffusion of the alloying element and, 
perhaps, in the effect of the alloying element on the 
available free energy for the transformation. The au- 
thors have examined these points again in the present 
article. The discussers would like to call attention to 
a recent publication by Hultgren® and to some work 
which is soon to be presented. Hultgren has made a 
rather extensive experimental survey of the partition- 
ing of several alloying elements when steels are trans- 
formed to pearlite, bainite, and spheroidized carbides 
resulting from tempering previously quenched marten- 
site. Hultgren’s data indicate that, in general, carbides 
separated from immediately formed bainite and from 
martensite tempered for short periods of time have 
approximately the same composition as the original 
austenite, indicating no preferential diffusion of the 
alloying elements. On continued heating, carbide- 
forming elements tend to concentrate in the carbide 
and noncarbide-forming elements, in the ferrite. In the 
case of partitioning between the lamellae of pearlite, 
the data are not quite so conclusive, although trends 
toward an absence of partitioning at least at the lower 
transformation temperatures are evident. Data are 
given indicating that at certain transformation tem- 
peratures no partitioning was observed in the case of 
manganese and nickel at the end of transformation. 
These results are in general agreement with recent 
data obtained by Picklesimer and McElroy” on manga- 
nese steels of eutectoid carbon concentration. They 
were able to show that in terms of the extracted car- 
bides no partitioning had occurred if transformation 
had taken place at 620°C or lower. At progressively 
higher transformation temperatures, more manganese 
was observed in the carbide, from which it is safe to 
say that the pearlite undoubtedly transformed to un- 
partitioned pearlite at some temperature above 620°C 

perhaps as high as 650°C. Hultgren’s data on molyb- 
denum indicate that some partitioning has occurred at 
the completion of the transformation. Undoubtedly, 
the degree of partitioning here is less at the actual 
interface—much of the partitioning having taken place 
behind the interface. The effect of such interdiffusion 
in the case of molybdenum is particularly important 
because of the relatively long times required for the 
transformation and the high temperature at which 
transformation occurs as a result of the raising of the 
critical temperature by this element. The results in 
general, however, indicate that the rate of transforma- 
tion may be greatly decreased in the presence of alloy- 
ing elements, but without the necessity of partitioning. 
Indeed, it may be that partitioning is a consequence of 
the slow rate rather than the cause. 
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The discussers have recently proposed the following 
expression for the rate of growth of the interface: 


AE*/RT 
r= CaFaTe 


where r is the rate of growth of the interface; C, a 
constant; AF, the free energy change per mol of austen- 
ite transforming; AT, the undercooling below the crit- 
ical temperature, “C; \E*, the activation energy; R, 
the gas constant; and T, the absolute temperature. 

The expression is somewhat similar to that of Zener' 
except that it has been derived on a more general basis 
and takes into consideration the actual change of the 
free energy with temperature rather than assume that 
it varies directly with the degree of undercooling. 
Measurements are in progress on the effect of alloying 
elements on AF; but, in agreement with the present 
authors, it does not seem probable that the change in 
AF will be great enough to explain the decrease in 
rate. In the derivation of the above expression, no 
assumptions are made as to the nature of the energy 
barrier—the activation energy for which is AE*. To 
investigate the applicability of the above expression 
for alloy steels, it will be necessary to obtain rates of 
growth over temperature ranges indicating no parti- 
tioning such that the same products will be forming 
Appropriate thermodynamic data will also be needed 
If, with these data available, the proposed equation ap- 
pears to be correct and yields systematic changes of 
\E* with alloy content, then the importance of \E* 1 
apparent and its meaning should be further investi- 
gated. Research along these lines is in progress 

The observation that poorly developed pearlite tends 
to form from the high-purity austenite containing 
molybdenum is interesting, for similar results have 
been observed in certain high-purity alloys in these 
laboratories. A recent article by Iwase and Homma 
may be of interest in this regard. From a series of 
studies on the development of the abnormal structure 
in carburized steels, they conclude that for a given 
grain size, definite amounts of any given alloying ele- 
ment must be present to avoid the abnormal structure 
It is interesting that small amounts of silicon are suffi- 
cient to produce the normal structure, and such addi- 
tions have been made in the present investigation to 
produce well developed pearlite. 

R. F. Mehl, R. W. Parcel, and W. C. Hagel (authors 
reply)—It has been observed many times that alloy 
partition shows a downward trend as reaction tempera- 
ture is lowered. This can be interpreted to mean that 
the carbide waits for less alloying element as the free 
energy of the transformation increases. However, par- 
tition data of all kinds are badly reeded, and the re- 
sults of Hultgren are admittedly too few to permit 
generalization. 

Two phases at equilibrium in a three-component sys 
tem at constant pressure and temperature have one 
degree of freedom. If the concentration of alloy in one 
phase is selected, that in the other phase is fixed. The 
ratio of the two may be determined quantitatively as 
fo'lows: Since the chemical potential, or partial molar 
free energy, of the alloy in the two phases must be 
equal 

u*, + RT Ina; = uw’. + RT Ina 
where a, and a. are the activities of the alloying ele- 
ment in ferrite and carbide, respectively, and xu", and 
uw”. are the molar free energies of the alloy in the pure 
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components and may be taken for the present purpose 
as two arbitrary constants. Then 


RT Ina RT Ina; constant 
a. 
RT In— 


ay 


a 
( constant 


ay 


constant 


Thus the distribution of alloy between two phases is 
proportional to its activity in the two phases. In ideal 
dilute solutions, the ratio of concentrations in the two 
phases may be considered a constant. The assumption 
of ideal behavior for metallic systems is risky, how- 
ever, and it is very doubtful if the equilibrium activi- 
ties would be obtained in a system which is not at 
equilibrium such as under consideration here. 

The view has been taken by Zener that no partition 
takes place until after the pearlite reaction has been 
completed, and when with time full equilibrium con- 
ditions prevail. This would seem to be the other ex- 
treme, and is probably equally invalid. 

If the laws which govern the pearlite reaction re- 
quire that some partitioning must take place during 
growth in a striving toward equilibrium, or that only 
certain types of carbides may nucleate, it follows that 
alloying elements must diffuse prior to nucleation and 
that such diffusion must continue during growth. If 
the rates of diffusion of the alloying element are very 
much slower than that of carbon, then the movement 
of alloy would become the controlling factor in growth, 
assuming that transfer of atoms at the interface was 
rapid enough that it did not interfere. Since it is 
known that different types of pearlite carbides are 
formed at different alloy contents in several systems 
(as in the case of the molybdenum steels studied here), 
it seems likely that the various carbides are nucleated 
as such and grow as such. Otherwise the assumption 
would have to be made that the alloy did not have 
time to diffuse during pearlite formation, but that 
immediately after pearlite formation was complete, 
the alloy diffused to the carbide and changed its crys- 
tal structure. It seems much simpler and more logical 


to assume that the crystal structure was the same from 
the first instant; the behavior of growth as a function 
of molybdenum content shows a discontinuity at com- 
positions where a new carbide forms, indicating that 
partitioning takes place during growth. As noted in 
the paper and the cogent references, a simple assump- 
tion that the alloying element, e.g., molybdenum, sim- 
ply diminishes the free energy change of the trans- 
formation, affecting the pearlite spacing proportion- 
ately, and the rate of growth similarly proportionately, 
cannot, at the most, be strictly true, for the proportion- 
ality between the spacing and the rate of growth does 
not exist. No such problem as this can be answered 
out of hand: unambiguous data on partitioning, values 
of interface energies, and determinations of the perti- 
nent free energy changes are needed. Possibly the true 
circumstance les somewhere between the two ex- 
tremes noted at the outset of this reply. This question 
has now been discussed so often that pure logic seems 
exhausted (as are less pure logicians), and the rather 
subtle point should without more ado be referred to 
experiment. It has been claimed in the past that alloy- 
ing elements did not affect the rate of growth of pearl- 
ite; the present paper is an experimental answer on 
this point. 

Mr. W. C. Hagel and Dr. G. M. Pound of this labora 
tory have designed and constructed a calorimeter espe- 
cially for a study of the formation of pearlite. By vary- 
ing interlamellar spacing and applying the necessary 
thermodynamic treatment, they are able to determine 
interfacial energies from calorimetric measurements. 
Their apparatus permits very accurate measurement 
of the heat of transformation as affected by alloy con- 
tent and is capable of resolving whether or not cobalt, 
in contrast to manganese, nickel, and molybdenum, 
does produce an anomalous effect upon the thermody- 
namics of the pearlite transformation as proposed. 

‘R. F. Mehl and A. Dube: Phase Transformations in Solids 
(1951) p. 545. New York. John Wiley and Sons 

Axel Hultgren: Jernkontorets Annaler (1951) 135, p. 403 

“M. L. Picklesimer and D. L. McElroy: Unpublished research, 

Oak Ridge National Laboratory and University of Tennessee 

H. Frye, Jr., E. E. Stansbury, and D. L. McElroy: Absolute 
Rate Theory Applied to the Rate of Growth of Pearlite. Trans 
AIME (1953) 197, p. 219; Journat or Merats (February 1953) 


“K. Iwase and M. Homma: Science Reports Research Inst., To 
hoku University (1949) 1, p. 95 


A Study of Grain Shape in an Aluminum Alloy and Other Applications Of 


Stereoscopic Microradiography 


Ar ha 


DISCUSSION, T. A. Read presiding 


H. K. Hardy and T. J. Heal (Fulmer Research Insti- 
tute, Stoke Poges, Bucks, England)—The authors are 
to be congratulated on having made a most stimulating 
use of stereoscopic microradiography to study the 
three-dimensional shapes of crystal grains in an Al-Sn 
alloy. A considerable amount of work on Al-Sn alloys 
as potential bearing materials has been carried out at 
the Fulmer Research Institute under the sponsorship 
of the Tin Research Institute and we are particularly 
interested in any method showing the distribution of 
the tin particles in the aluminum matrix. In the cast 
condition an Al-Sn alloy with, for example, 30 pct Sn, 
possesses the tin in the form of more or less continu- 
ous interdendritic films. A redistribution of the tin 
into relatively discrete particles can be brought about 
by cold working and recrystallization. We have round 
that the lower the temperature of recrystallization the 
finer the tin particles and the finer the grain size of 
the matrix."' On the other hand, Fig. 11 in the authors’ 
paper stands in apparent contradiction to this state- 
ment since the size (and number) of the tin particles 
and grains changes only very slightly over the range 
350° to 600°C. We have therefore carried out some 
experimental work on this point. 
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An aluminum-5.2 wt pet Sn alloy (super-purity 
aluminum) was chill-cast to 1 in. diam bar and cold- 
forged to 'z in. sq section. Short lengths were annealed 
for 16 hr at 350°C, 16 hr at 580°C, and a duplex treat- 
ment of 16 hr at 580°C followed by 16 hr at 350°C. 
Microspecimens were prepared by conventional meth- 
ods and electrolytically etched in a 1 pct solution of 
ammonium persulphate in 50 ce of water and 50 ce of 
glycerine. Sections for microradiography of between 
0.005 and 0.020 in. thick were obtained by grinding 
on emery papers. The sections were strapped to 
Kodak Maximum Resolution plates and exposed to 
cobalt radiation from a tube with a 1 mm focus. The 
focus-specimen distance was 12 in. and the stereoscopic 
shift was equivalent to 10°. Typical exposure times 
for the 0.005, 0.015, and 0.020 in. sections were 15 
min, 1 hr, and 2 hr'‘respectively. Kodak D178 devel- 
oper was used and it was found desirable to over- 
expose and develop for only 2 min in order to reduce 
the graininess of the emulsion to its lowest level. It 
is believed that this technique will give an increased 
sharpness to the radiographs so that a larger magnifi- 
cation can be used than the authors’. 

The results are illustrated by Figs. 13 to 15. The speci- 
mens annealed at 580° or at 580° plus 350°C were 
almost indistinguishable. The stereographie micro- 
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radiographs showed that nearly all the grain edges 
were penetrated by tin which sometimes spread into 
the grain interfaces where it was also present as iso- 
lated disks. The specimen annealed only at 350°C 
possessed a much smaller grain size with more finely 
dispersed tin particles and not all the grain edges were 
occupied by tin. These results are in agreement with 
our previous work on commercial purity alloys in 
which we found that the process of recrystallization 
and grain growth greatly facilitated the attainment of 
the minimum surface energy conditions. This has the 
important practical result that aluminum alloys con- 
taining high proportions of tin (30 pct and over) can 
be made substantially free from grain boundary films 
of tin and consequently with adequate strength and 
ductility at temperatures at which bearings operate, 
1.e., up to about 200°C. We would like to ask the authors 
whether the alloy shown in Fig. 11 had first been an- 


Fig. 14 (right) —Cold 
worked and annealed 
ot 580°C. A, right; 
b, center; c, far 
right 
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nealed at a high temperature before annealing at 350°C 
or whether they can suggest other differences in experi- 
mental technique which could explain the discrepancy. 

E. B. Matzke (Dept. of Botany, Columbia University, 
New York)—This investigation makes available data 
on metal grain shapes for comparison with results ob- 
tained by different techniques for cells in tissues. The 
range in kinds of faces is fairly similar in both. Like 
the grains, cells are not of uniform volume, but volume 
differences in the cells studied are not so great as in 
the alloy. This is reflected in the relatively wide range 
in total number of faces and in the variety of combina- 
tions of faces in the alloy. Abnormal vertices apparently 
occur in the grains more frequently than in the cells. 
However, the cells were examined for the most part 
under relatively high magnifications, up to 1500 diam- 
eters, and not uncommonly a four-rayed vertex, on a 
single cell, under low magnification, becomes two three- 


Fig. 13 (lett) —Cold- 
worked and annealed 
at 350°C. A, left; 
b, center; c, right. 


Fig. 15—Cold-worked 
and annealed at 
580 C followed by 
350 C. A, left; b, 
center; c, right. 


Figs. 13-15—Structures of S. P. aluminum-5.2 wt pct Sn alloys. In each case, a is a micrograph, b and ¢ are stereoscopic microradio- 
graphs (stereo angle 10°) and the tin particles are dark. X100. Area reduced approximately 50 pct for reproduction. 
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rayed vertices with a short edge between under high 
magnification. 

The origin of cells by division introduces a factor 
different from those present in alloys and soap films. If 
these divisions are wholly or predominantly in one di- 
rection, a regularity, involving symmetry, results, and 
in isolated instances approximations to Kelvin’s minimal 
tetrakaidecahedron are achieved. 

Applications of the new technique developed by Dr. 
Williams and Dr. Smith to tissues should be carefully 
investigated. 

Perhaps the most important contribution to biology 
of this scholarly presentation is a philosophical one. 
The authors conclude that in this alloy no one combina- 
tion of faces constitutes a type. Plant and animal cells, 
like the grains, normally also do not achieve a type, 
although various configurations have been stoutly de- 
fended as such in the past. Cells in tissues, with walls, 
cytoplasm, nuclei, vacuoles, intercellular spaces, etc., 


are far more complex in organization than metal 
grains; still they show marked resemblances to metal 
grains, due to the operation of similar factors 

W. M. Williams and C. S. Smith (authors’ reply)— 
Messrs. Hardy and Heal are, of course, right in suggest- 
ing that the grain size of a worked and annealed Al-Sn 
alloy would depend upon the maximum annealing 
temperature. One would expect, however, that the true 
dihedral angle would be unaffected by grain size and 
depend only on final annealing temperature. We there- 
fore suppose that the similarity between Messrs. Hardy 
and Heal’s Figs. 14 and 15 results from inadequate time 
to re-establish long-range equilibrium geometry at the 
lower temperature of anneal. If this is so, examination 
at a high magnification would show a higher angle at 
the extreme apex. 

The authors appreciate Professor Matzke’s comments 
on the relation between metallurgical and biological 
shape studies. 


DISCUSSION, J. E. Burke presiding 


M. K. MeQuillan (Birmingham, England)—I am glad 
to see general experimental confirmation, in addition 
to that recently provided by Van Thyne, Kessler, and 
Hansen, of my work on the Cr-Ti system.’ I feel, how- 
ever, that the work would have been of greater value 
from this point of view if the experimental evidence 
put forward could have been more detailed. When my 
own work on this subject was published last year, the 
word “provisional” was included in the title, not be- 
cause I had any doubts concerning the results of my 
investigations or about the general nature of the sys- 
tem, but because, in covering a whole equilibrium 
diagram in a limited amount of time, I was unable to 
offer the extensive and refined evidence usually re- 
quired before a new diagram is considered to be finally 
established. I had hoped that later work in the same 
field would remedy this deficiency, and locate the phase 
boundaries with greater precision than I was able to do. 

There are one or two comments I would like to make 
on the paper, the first concerning the relationship be- 
tween lattice parameter and composition for the con- 
tinuous series of body-centered cubic solid solutions. I 
found that only almost instantaneous quenching from 
the temperature region 1360° to 1400°C was sufficient 
to retain completely the body-centered cubic solid solu- 
tion in alloys containing about 40 to 70 pet Cr. Quench- 
ing times of a second or so were too long, and com- 
pound formation was invariably found to have begun in 
such cases. That this also occurred in the authors’ 
experiments, as would be expected if their method of 
quenching is considered, may be seen from Fig. 8, in 
which the partial breakdown of the solution to form 
the compound is quite evident. I think that the authors 
might have seen this more clearly had they used a 
different etchant. I did not find hydrofluoric acid very 
suitable for chromium-rich alloys, and preferred an 
electrolytic etch in a solution containing 10 pet potas- 
sium hydroxide and 10 pct potassium ferricyanide, 
which brings out the compound very clearly. The fact 
that the breakdown of the s solution has begun in the 
quenched samples of intermediate composition exam- 
ined by the authors may well explain some of the 
observed deviations from Vegard’s law in this com: 
position range. The precipitation of a chromium-rich 
compound would move the composition of the s solu- 
tion toward the titanium end of the system, and thus 
move the lattice parameter/composition curve toward 
the negative side of the linear relationship. 

A point on which my views differ appreciably from 
those of the authors is that of the solubility of titanium 
in chromium at lower temperatures, and I would be 
glad to have more details of the X-ray work on which 
the authors base their statement that the solubility of 
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Titanium-Chromium Phase Diagram 
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titanium in chromium is in the neighborhood of 15 pet 
at 600°C. As may be seen from my paper, I obtained a 
fair amount of metallographic evidence indicating that 
the solubility of titanium and chromium is much less 
than this—in fact, only of the order of 5 pet at 1000°C. 
I feel, therefore, that the dotted line inserted in the 
present diagram, unsupported by any explicit evidence, 
is misleading. 

A further point of difference between the present 
work and my own is in the form of the solidus in the 
region 50 to 80 pet Cr. In the case of highly reactive 
alloys such as these, it is not easy to obtain really re- 
liable information on the solidus, but I did find fairly 
convincing evidence of a flattening of the curve in 
the composition region in question, tending to make it 
almost horizontal, which is not inconsistent with the 
rest of the diagram when free-energy relationships are 
considered. I notice that Van Thyne et al. support me 
in this. I would be glad if the authors could present in 
more detail any evidence they may have to the con- 
trary. 

The authors’ dilatometric evidence on the eutectoid 
temperature is particularly welcome, as the eutectoid 
line has not hitherto been fixed with any accuracy. In 
this connection, I presume that the authors used iodide 
titanium in preparing the alloys for this work, since, 
when magnesium-reduced material is used, a three- 
phase region occurs where a eutectoid line would nor- 
mally be expected, and no sudden transitions, such as 
those observed by the authors, would be observed. 

I am interested also in the figure given by the authors 
for the lattice parameters of the compound described 
as TiCr,. When the paper by Duwez and Taylor* on the 
crystal structure of TiCr. appeared, I examined such 
evidence as I had on the compound. I found that though 
the structure they proposed did not quite account for 
all the unidentified lines on my powder photographs, 
the greater part of the lines fitted the proposed struc- 
ture, giving a cell size of 6.91A, a value which is signif- 
icantly different from that found by Duwez and Taylor 
(6.929A), but which agrees with that of the present 
authors, 

Finally I would like to mention twe points of tech- 
nique. The authyrs say that, they observed some in- 
crease in hardness when they melted a specimen of 
iodide titanium in their are furnace. Though appreciable 
scatter in hardness readings is quite usual in this mate- 
rial owing to the large grain size normally found, 
melting techniques using are furnaces with water- 
cooled copper hearths have developed to such a stage 
now that no general increase in hardness of the mate- 
rial on melting is expected. The other point concerns 
the methods for heat treatment of specimens at 1350°C., 
It would be very interesting to know on what the speci- 
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Table Ill. Phases Present at Various Temperatures 
for Various Chromium Contents 
Solution Composition, Phases Present 
Temperature, °¢ Pet Cr by X-ray 
1400 70 6 
1350 70 TiCr, + B 
1300 70 TiCrs + 
1350 75 
1300 75 
1200 75 TiCr, + B 
1200 80 B 
1100 BO Ticr A 
1100 85 


mens were supported during heat treatment, and by 
what means quenching was carried out 

R. J. Van Thyne and H. D. Kessler (Armour Re- 
search Foundation of Illinois Institute of Technology, 
Chicago)—The diagram presented by the authors is in 
good agreement with that previously published by staff 
members of the Armour Research Foundation.” As our 
publication was not in print at the time the authors 
submitted their paper, it would be desirable to com- 
pare certain features of the two investigations here 
Our partial diagram was determined using high-purity 
titanium and chromium and covered a range from tita- 
nium to a composition of 75 pet Cr. The solidus curve 
at the high titanium end of the system agrees closely 
with that of the present paper. However, our solidus 
curve is very flat from 40 to 70 pet Cr at a temperature 
level of about 1400°C. Unfortunately, no data points 
are given in the present paper to allow more positive 
comparison 

Our metallographic observations indicated eutectoid 
decomposition of the # phase in alloys annealed at 675°C, 
whereas no eutectoid was seen in alloys annealed at 
700°C. We, therefore, placed the eutectoid temperature 
at approximately 685°C. This agrees quite well with 
the authors’ dilatometric determination of 670°C. 

Regarding Fig. 15, the appearance of the Widman- 
statten precipitate (which could not be identified by 
X-ray) closely resembles that of a coming out of § ana 
the fact that the precipitate occurs largely within the 
grain could be attributed to coring 

In our diagram, the intermediate phase was placed 
at 67 to 68 pet Cr on the basis of metallographic ob- 
servations of heat-treated samples. We originally re- 
ported the structure of TiCr, to be of the cubic C15 


Table 1V. Phases Present at Various Temperatures 
for Various Chromium Contents 


Condition of 
Sample 


Composition, 
Pet Cr 


Solution 
Temperatare, 


1450 Ho Complete melting 
1400 io No melting 

1500 65 Partial melting 
1450 65 No melting 

1550 70 Partial melting 
1500 70 No melting 

1550 75 No melting 


(MgCu,) type. However, during other phase diagram 
studies now in progress’ a high temperature modifica- 
tion of TiCr, was found to exist above 1300°C. This 
high temperature polymorph has been identified as 
having a hexagonal Cl4 (MgZn.) structure. X-ray pat- 
terns of the two forms of TiCr, are very similar; the 
pattern of the hexagonal modification having all the 
lines of the cubic plus a few additional ones. The allo- 
tropic transformation of TiCr, will necessitate some 
revision in the Ti-Cr diagrams published to date. 

The authors found that alloys containing 10 pct Cr 
or less exhibited a martensitic structure when quenched 
from the g field. In our studies, the 6 phase was com- 
pletely retained upon water-quenching alloys in which 
the composition of 6 was 7 pet Cr or greater. 

The hardness peak shown at 10 pct Cr in Fig. 6 was 
attributed to supersaturated a titanium. On the basis 
of our wor!: on this and other systems, it seems more 
reasonable that the hardness peak shown was a result 
of a complex decomposition of the metastable 8 phase 
rather than the presence of the relatively soft super- 
saturated « titanium. Isothermal transformation studies 
made at the Armour Research Foundation have shown 
that even after a few minutes of annealing at 600°C, 
all of the supersaturated a is decomposed. 

F. B. Cuff, N. J. Grant, and C. F. Floe (authors’ re- 
ply)—Regarding Mrs. McQuillan’s questions and com- 
ments, for which we wish to express our thanks, the 
primary purpose of the lattice parameter measurements 
was to confirm the existence of the continuous series 
of solid solutions that had initially been found metal- 
lographically. The authors feel that this confirmation 
was provided by the general adherence to Vegard’s 
law of the specimens through the critical range of com- 
position. It was noted in passing that the deviations, 
i.e., positive for the solidus minimum and negative for 
the compound, were in accord with previous experi- 
mental and theoretical studies. The possibility of some 
compound formation during quenching is admitted but 
it is felt that the quantity formed was not sufficient to 
account for the total amount of deviation. 

The data in Table III provide the basis for construct- 
ing the line representing the solubility of titanium in 
chromium. The data in Table IV provide the basis for 
constructing the line representing the solidus at chro- 
mium percentages higher than 55 

Specimens heat-treated at 1350°C were contained in 
tantalum cups in a horizontal globar furnace. At the 
end of the heat treatment the contents of the furnace 
pushed rapidly into the quenching medium. The elapsed 
time was somewhat less than a second. In connection 
with Van Thyne’s and Kessler’s discussion, the data for 
the solidus determination are presented in the above 
discussion. It is now generally agreed that the § field 
can be retained in alloys containing 7 pet Cr or more 
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R. J. van Thyne, H. D. Kessler, and M. Hansen 
(1952! 44, p. 974 
*P. Duwez and J. L. Taylor 
B. Levinger: A High Temperature Modification of TiCr 
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In ref. 1, 2, and 4 in the paper the volume numbers and page 


numbers are transposed: ref. 1 should be 1%, p. 279; ref. 2, 55. p 
366; and ref. 4, 18. p. 379 


Trans. ASM (1952) 44, p. 495 
Trans 


DISCUSSION, B. H. Alexander presiding 


R. B. Fischer (Battelle Memorial Institute, Colum- 
bus, Ohio)—In a study which we hope to publish in the 
future, other experimental evidence has been obtained 
at Battelle to show that the » phase is stable. It is in- 


teresting that the methods used were quite different 
although the conclusions were identical 

The last paragraph of the paper contains statements 
which we believe need elucidation. 


It has been the 
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opinion of workers in the carbide field that cooling 
rates from the sintering temperature generally have 
little effect on the properties and some of our work 
seems to confirm this opinion 

A. G. Metealfe (Deloro Smelting and Refining Co., 
Deloro, Ont., Canada)—It has been suggested at various 


times that n, W.C, and now WC are metastable. I would 
like to ask the authors if they feel there may not be 
a possibility for all of these phases to be stable. Their 
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Table Comparison of and 


Positions in 6 


O”n— Fd3m (Cow) 
16: fe) 16 C 16C 
16 : (d) 16 Co 16 W 
32 : te) 32 Co 32 Co 
48 48 W 48 W 


evidence appears to depend on one melt of composition 
81 pct Co-9 pet W-10 pct C, but no evidence was ad- 
vanced to support their expectation that the melt was 
initially homogeneous. In view of the ease with which 
carbon floats to the surface of such high-carbon melts, 
it is often difficult to achieve uniformity. In any case, the 
failure to detect the ternary eutectic, L ~ y + 6p + C 
by thermal analysis, indicates that either the cooling 
rate was too rapid to maintain equilibrium or that the 
reaction does not occur. The cooling rate of the melt 
81 pet Co-9 pect W-10 pet C was presumably faster than 
that in the thermal analysis, so that the equilibrium 
reaction is less likely to be found. It is significant that 
commercial alloys containing » phase as well as p 4 
WC, gradually transform to p WC on prolonged 
soaking in a carburizing atmosphere at 1400°C, indi- 
cating that WC is not unstable at this temperature. 

The phases », and », discovered by Kislyakova fall 
into the phase fields 0 and y, respectively. In the work 
reported by Sandford and Trent it was shown that 
these two phases were in equilibrium at 1100°C, so 
that it would be impossible for them to be the limiting 
compositions of the » field, as suggested, unless they 
are conjugate solutions. This seemed likely as they 
both possessed the Fd 3 m space groups. The intensities 
of the lines recorded in Table I vary systematically 
from 0 to » phase, but there are too few lines to de- 
termine if the space groups are the same. Perhaps the 
authors have more evidence on this point. 

Roland Kiessling (Laboratory for Hard Metal Re- 
search, Soderfors, Sweden)—This work is of great in- 
terest, and I wish to congratulate the authors on their 
results. At Soderfors we recently investigated the same 
system and have some additional information on the 0 
phase, which may be of interest. A complete survey 
has been given at the Symposium on the Reactivity of 
Solids in Gotenburg, Sweden, June 9-13, 1952, and will 
be published among the transactions from this confer- 
ence, 

In agreement with the authors we found that 0 (we 
used the notation »,) is a different phase from » and 
that a two-phase range separated the phases. We found 
had a slightly extended homogeneity range 
around the composition Co.W,C, being cubic and with 
a parameter of 11.210A at this composition. A complete 
structure determination of 0 has been carried out, and 
the results are consistent with Kislyakova’s work. From 
our analyses as well as from the formula obtained from 


Table lil. Relative Differences Between 1 and 0) 
in Intensities 


hkl d I 
and ” ” 0 

111 6.403 6.472 0.12 0.01 
220 5.545 5.605 0.08 0.05 
311 3.344 3.380 0.05 
222 3.202 3.236 0.10 
400 2.773 2.803 0.37 0.09 
331 2.544 2.572 0.37 0.57 
422 2.264 2.288 061 0.48 
pond 2.134 2.157 1.00 1.00 
440 1.960 1.982 0.37 0.48 
531 1.875 1.895 0.03 
442 
600 1 1.868 0.02 0.03 
620 1.753 1.772 0.01 0.04 
533 1.691 1.710 
622 1.672 1.690 0.04 0.16 
444 1.601 1.618 0.04 


the structure determination we consider that 6 has the 
formula Co.W,C and not Co,W,C.,. as well as 0 belongs 
to space group Fd 3 m, with 96 metal and 16 carbon 
atoms in the unit cell. The difference between y and 0 
is given in Table II, which shows that for » both 16: (d) 
and 32: (e) are occupied by cobalt atoms, whereas for 
0, 16(d) is occupied by tungsten atoms and 32: (e) by 
cobalt atoms. The difference between the X-ray photo- 
graphs of » and 6 is not only a slight variation in the 
relative intensities, as mentioned by the authors, but 
certain reflections appear for 0 which have the intensity 
zero for », e.g., 311, 222, 531, and 444, and for some 
reflections a considerable difference in relative in- 
tensities is noted, e.g., the pairs 111 and 220, 400 and 
331, 442 and 620. The relative intensities for » and 0 
within the range given by Rautala and Norton are, 
however, in relatively good agreement with ours and 
the main differences between » and 0 appear for lower 
and higher angles, Table III. 

The slight difference in d-values for » is probably 
due to the fact that the compositions are slightly dif- 
ferent but both within the homogeneity range for y 

K. Kuo (Institute of Chemistry, University of Upp- 
sala, Uppsala, Sweden)—The relationship between the 
equilibrium carbides and steel composition in molyb- 
denum and tungsten steels has been found by the pres- 
ent writer’ "to be as shown in Table IV. However, Fe,W,C 


Table IV. Relationship Between Carbides and Steel Composition 


Steel Composition Equilibrium Carbides 


Atomic Ratio Mo:C or WC At 700°C 
A.R. <1 MoC tor WC) + FesC 
A.R 1 MoC ‘or WC) 
2-3 A.R 1 MoC (or WC) + MeC (n) 
4-5 A.R 2-3 
AR 4-5 (») + FerMoe (or 4) 


appeared also temporarily on tempering as an inter- 
mediate product in steels with an atomic ratio W:C 
smaller than unity. The stability of the Fe,Mo,C and 
Fe,W,.C carbide is, therefore, dependent upon the com- 
position of the alloy under consideration. Thus Takeda’'s 
suggestion’ that the » carbide is always a metastable 
carbide seems to be incorrect. In this respect, this 
writer welcomes the conclusion concerning the stability 
of Co,W,C drawn by Drs. Rautala and Norton. 

Besides the » carbides known to exist (Fe,W,C, 
Co,W,C, Ni,W,C, Fe,Mo,C, and Co,Mo,C), this writer 
has found the following new » carbides: 


Mn.W.C, a 11.14A 
Mn.Mo.C, a 1LI3A 
Cr,Nb,C, a 11.49A 
V.2Zr.C, a 12.12A 
(CrFe) ,Ta,C, a 11.40A 
(CrCo),Ta.C, a 11.40A 
(CrNi),Ta,C, a 11.40A 


Among the above-mentioned » carbides the last three 
are triple carbides, since Ta did not form this carbide 
with Cr, Fe, Co, or Ni in the respective Ta-Me-C ter- 
nary systems. A hypothesis regarding the formation 
of » carbide, based upon the relative strength of the 
transition-metal-carbon bond, has been advanced and 
will be published shortly. 

The « carbide has also been found by this writer in 
the systems Ni-W-C and Mn-W-C and has been indexed 
on a hexagonal lattice with a c 7.848 and 7.756A, 
respectively. The intensity of the reflections agrees well 
with that given by the authors, An a!loy of the com- 
position Ni,W.C sintered at 1500°C for 10 min in a 
vacuum graphite resistance furnace showed only the 
existence of the » carbide. However, after 10 min at 
1800°C «x began to appear together with », and its 
amount increased with sintering time. This is probably 
due to the vaporization of cobalt and the carburization 
in the furnace, if we take Co,W,,C, as the composition 
of the « carbide. However, attempts to prepare pure «x 
carbide have not been fruitful. Would the authors 
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kindly show how they have arrived at the composition 
of this carbide? 

P. Rautala and J. T. Norton (authors’ reply)—The 
question of the stability of the phase diagram presented 
here is of course, not definitely settled. Certain very 
limited evidence indicated the possibility of instability 
and the suggestion is made as to what form the “stable” 
diagram might have. Much more evidence is needed 
before a final conclusion can be reached. 

The authors wish to thank Dr. Kiessling for his dis- 
cussion of the 0 phase which confirms the present re- 
sults but gives considerably more information about the 
structure. This answers the question of Dr. Metcalfe in 
the matter of the space groups of the 6 and » phases. 


Dr. Kuo’s comments on new members of the family 
of the » carbides are very interesting. It is pleasing to 
learn that he has confirmed the existence of the « phase 
in the system Ni-W-C and that it is also to be found 
in Mn-W-C. In the present work, the « phase was pre- 
pared by mixing the ingredients in the proper propor- 
tion and sintering at 1400°C. Chemical analyses showed 
that at this temperature the vaporization of the cobalt 
was not significant. 

Again the authors wish to thank all those who have 
contributed to the discussion. 


*K. Kuo: Jernk. Annaler (1952) 136, p. 156 
*K. Kuo: Journal Iron and Steel Inst. (1953) 


DISCUSSION, B. H. Alexander presiding 


R. B. Fischer (Battelle Memorial Institute, Colum- 
bus, Ohio)—Since we are very interested in cemented 
carbides, we would like to make the following com- 
ments about this paper 

In Fig. 1, a comparison is made of the effect of elec- 
trolytic leaching on 100 pet WC and on cobalt-bonded 
WC. Presuming that the 100 pet WC specimen was 
prepared without a binder, its particles would not be 
expected to be in the same physical state as the WC 
particles which have been subjected to the cobalt-bind- 
ing reaction and, therefore, this difference should be 
considered in the interpretation of the leaching results. 
Perhaps this was considered by the authors, and they 
also used 100 pet WC prepared by the fugitive-binder 
technique but this was not mentioned specifically in 
the electrolytic experiments 

The authors’ explanation of the dilatometric changes 
at the solidification temperature of the binder is very 


interesting 

It is stated that the evidence shows that the sintered 
compact is “one of tungsten carbide particles dispersed 
in a matrix of cobalt.” We believe that the matrix is a 


Role of the Binder Phase in Cemented Tungsten Carbide-Cobalt Alloys 


cobalt-rich alloy as is pointed out in the conclusion sec- 
tion of the paper. 

In addition to the requirements for an effective 
binder as summarized by the authors, we believe that 
the binder should have low solid solubility of tungsten 
and carbon. 

Whatever evidence has been presented pro and con 
on the skeleton theory, it should be noted that in the 
micrographs of low-cobalt cemented tungsten carbide, 
considerable carbide-to-carbide contact points exist as 
shown in Fig. 6 of the paper. 

J. Gurland and J. T. Norton (authors’ reply)—Mr. 
Fischer raises the interesting point of a “pure” WC 
specimen made by hot pressing as compared with one 
made by the fugitive binder technique and their reac- 
tion in the leaching experiment. This experiment was 
designed to show whether or not the leaching action 
would attack the carbide contact points in a skeleton 
and the hot-pressed specimens were made to only 64 
pct of the theoretical density. A specimen made by the 
fugitive binder method would be much more dense and 
there would always be a question of remaining traces 
of cobalt and lack of possible penetration of the leach- 
ing solution. 


DISCUSSION, B. H. Alexander presiding 


N. A. Gokcen (Dept. of Metallurgical Engineering, 
Michigan College of Mining and Technology, Houghton, 
Mich.)—The authors first remark that the oxygen pres- 
sure in Fig. 5 may not represent the equilibrium value 
and later state that the line of Fig. 6 represents the 
three-phase equilibrium between solid metal, solid 
oxide, and gaseous oxygen. These statements are not 
entirely in agreement because if Fig. 6 represents the 
equilibrium conditions in these experiments as such, 
then Fig. 5 should represent the equilibrium oxygen 
pressure of molybdenum oxide. Furthermore the pres- 
sure plotted in Fig. 5 cannot be that of oxygen entirely 
if the oxide of molybdenum is volatile as pointed out 
in the text. The thermodynamic calculations from the 
available data indicate that the oxygen pressure of 
molybdenum oxide is at least 200,000 smaller than those 
reported by the authors. Since the pressure of MoO, is 
1 atm’ at 1424°K (2104°F) and its melting point 
1068°K, then we may conclude that the only solid oxide 
observed in these experiments should be MoO, or a 
lower oxide. The oxide observed under very low oxy- 
gen pressures was MoO, in Tonosaki’s® experiments. It 
is, therefore, justifiable to assume the presence of the 
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same oxide in these experiments and make the follow- 
ing calculations: 


1—Tonosaki studied the equilibrium in _ reaction 
Mo(s) + 2H.O(g) MoO, (s) + 2H, and expressed AF° 
as a function of temperature in five terms. We can 
express his results more simply as 

AF 14,100 + 9.2T [1] 

which is valid and sufficiently accurate in the range of 
1200° to 2000°K in this simpler form 

2—-Combining Eq. 1 with 


2H, + O 2H.O, AF 120, 360 + 27.86T |2) 
we obtain 
Mo(s) + O.(g) MoO. (s) 
AF 134,500 + 37.1T [3] 


At 1700°K or 2600°F the oxygen pressure calculated 
from Eq. 3 is 6.7x10° atm or 5x10° micron of mercury 
pressure. The mixture of gas corresponding to this 
oxygen pressure is H.O/H 1.26, meaning that the 
oxidation of Mo should take place in an atmosphere of 
H, + H,O containing more than 56 pct water vapor. 
This is in agreement with our experience, whereas the 
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Accordingly Fig. 5 does not represent the equilibrium 
state and Fig. 6 can only represent it between the two 
phases, i.e., dissolved oxygen and solid molybdenum 
oxide, as may possibly have been realized in experi- 
authors report a pressure of 100 microns. It should be 
noted that any lower oxide of molybdenum, if existed, 
must have still lower oxygen pressures 
ments, provided that supersaturation in Mo-Oxide 
~ O(in Mo) Mo cannot take place under such high 
oxygen pressures. 

W. E. Few and G. K. Manning (authors’ reply)—In 
the last paragraph of Professor Gokcen’s discussion, he 
draws substantially the same conclusions we empha- 
sized in the paper. However, we do not believe that 
supersaturation of dissolved oxygen is a factor as he 
suggests. Had this occurred, we would have noted in- 
consistent results between specimens held for different 
times at temperature, i.e., some of the specimens shown 
in Table II treated for the longer times would have 
developed an oxide phase without an increase in oxy- 
gen content. Furthermore, in most cases, oxygen was 
added to the specimen during the isothermal treatment. 


Addition of a solute during an isothermal treatment 
is not expected to cause supersaturation. 

We are familiar with Tonosaki’s values for the free 
energy of MoO,. Tonosaki’s determinations were made 
in the temperature range of 918° to 1096°K, and with 
such a narrow temperature base, it is not at all surpris- 
ing that his results cannot be satisfactorily extrapolated 
to 1700°K. Several years ago, we compared Tonosaki's 
values with the results of some welding and sintering 
studies. The indications were that the pressure of O, 
in equilibrium with MoO, was higher than that indi- 
cated by Tonosaki. If one must calculate the free en- 
ergy of MoO,, then we believe the data in Fig. 5 will 
yield more satisfactory values than that given by 
Tonosaki, at least in the temperature range of 1400° to 
2000°K. We recognize that because of the technique 
employed, the equilibrium pressures for oxygen must 
be somewhat lower than the values given by the ordi- 
nate in Fig. 5. However, it seems very unlikely that 
the ordinate in Fig. 5 could be in error by a factor of 
200,000 as Professor Gokcen suggests. 


*K. Tonosaki: Bull. Inst. Phys. Chem. Research, Tokyo (1940) 
19, p. 126 


DISCUSSION, B. H. Alexander presiding 


Pekka Rautala (Dept. of Metallurgy, Massachusetts 
Institute of Technology, Cambridge, Mass.)—Fully ap- 
preciating the difficulties involved in this high temper- 
ature work, I would like to iron out a few mistakes 
On page 985, the authors write: “The peritectic tem- 
perature of Mo.B is 2000°C. The eutectic composition, 
determined by extrapolation, contains about 1 pct B.” 
Such four phase equilibrium violates the phase theory. 
Fig. 7 gives one possible solution to this discrepancy. 

Further down on page 985 it is stated: “This boride 
(Mo,B.) is formed by the peritectic decomposition of 
Mo.B.” According to the diagram (Fig. 3) this reaction 
is eutectoid. 

I also feel that Mo.B., despite its structure, should 
be called MoB,, or vice versa, because the same range 
of compositions is included in both cases. 

R. Steinitz (authors’ reply thank Professor Rau- 
tala for his comments and, of course, agree with him 
that a four-phase equilibrium is not possible in the 
binary system. His suggestion of a correction of the 
diagram probably shows the conditions in the correct 
way. The peritectic temperature line for the Mo.B de- 
composition is about 2000°C and the line for the eutec- 
tic temperature is probably less than 50°C lower. 

The stoichiometric formulas which were attributed 
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~~Mo3Bo 


Mo,8--~ TT 


Fig. 7—Portion of Mo-B equilibrium diagram. 


to the various compounds were selected according to 
the structure rather than to the chemical composition 
as MoB, is isomorphous with the diborides of all the 
other transition elements. This designation seems to 
be the most appropriate one. Neither MoB, nor Mo,B, 
would represent the chemical composition correctly. 


DISCUSSION, B. H. Alexander presiding 
G. A. Geach and G. F. Slattery (Research Labora- 


tory, Associated Electric Industries Ltd., Aldermaston, 


Berks, England)—A study of the system Zr-W was 
completed in this Laboratory a few months before the 
paper by Domagala, McPherson, and Hansen appeared. 
Methods of investigation which we used were, for the 
most part, very similar to those described in the paper, 
but we also used dilatometry to determine the tem- 
perature of the a+ , transformation and made meas- 
urements of the liquidus temperatures of alloys in or- 
der to fix the eutectic point. Alloys were prepared 
from van Arkel zirconium and Johnson, Matthey & 
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Systems Zirconium-Molybdenum and Zirconium-Wolfram 


Co's. H.S. tungsten rod by melting in nonconsumable 
tungsten electrode arc-furnaces, 

The dilatometer used is similar to an extensometer 
employed by Bangham and Franklin’ for measuving 
the expansion of coal, but it is mounted in a silica tube 
evacuated to better than 10° mm pressure. The whole 
apparatus is of transparent fused silica. Cooling curves 
give the transformation less sharply than heating 
curves and at temperatures about 30°C lower. The 
values from heating runs with specimens containing 
0, 10, 20, and 35 atomic pet W are 865°+5°, 864° +5°, 
867° + 5° and 865°+5°C, respectively. 

The method* used to determine melting points in an 
arc-furnace is to so adjust the power in the arc that a 
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Table 1X. Melting Points for Various Alloys 


Composition 
fatomic pet W) 0 2.5 5.0 63 110 143 

“Melting point,” 


18.6 25.0 30.0 
1650 1830 1805 1790 1775 1830 1860 1955 2080 


small specimen is held half molten and half solid, and 
then to measure with an optical pyrometer the tem- 
perature of the junction between the two states. With- 
out opening the furnace, measurements can be made on 
several specimens in succession, and these may include 


Table X. Comparison of Results 


Domagala, 
McPherson 


and Hansen Geach and Slattery 


2175°C 21506°C Melting points 
33.33 atomic pet W ¢.33 atomic pet W and 
metallography 


Peritectic 


Eutectic 1650°*+15°C 1700° + 50°C Melting points 
10 atomic pet W 10 atomic pet W and 
metallography 
a- trans 850° + 15°C 865°*5°C Dilatometry 


formation 
Solubility of 
Zr in W at 
peritectix 
temperature lO atomic pet Zr 6° 


atomic pet Zr Metallography 


certain pure metals of known melting points, so that 
the correction to be made to observed temperatures 
may be determined. The melting points of standard 
metals can be determined with an accuracy of +50°C, 
but values obtained with alloys may be rather less 
certain. Values obtained for this system, Table IX, 
make it difficult to place the eutectic temperature be- 
low 1700°C. These experiments also gave the form of 
the liquidus curve and so enabled us to fix the eutectic 
composition at 10.5+1.5 atomic pect W 

Our results for the system are collected in Table X 
where they are compared with those published by 
Domagala, McPherson and Hansen. Agreement be- 
tween the two investigations is excellent throughout 

R. F. Domagala, D. J. McPherson, and M. Hansen 
(authors’ reply)—The authors were surprised and 
gratified to learn of the concurrent work on the Zr-W 
system by Geach and Slattery, particularly in view of 
the generally excellent agreement between the two 
independent studies. Within the admitted limits of 
accuracy, there is no single point of difference between 
the two sets of data. We accept without reservation the 
more accurate value of the discussers for the solu- 
bility of zirconium in wolfram at the peritectic tem- 
perature. 


* Bangham and Franklin: Trans. Faraday Soc. (1946) 42B, p. 289 
Summers-Smith 


*"G. A. Geach and D Journal Inst. Metals 


(1951) 80, p. 143 


Copper-Zinc Constitution Diagram, Redetermined in the Vicinity of the Beta Phase 


By Means of Quantitative Metallography 


DISCUSSION, B. H 


R. Haynes (Dept. of Coal Gas and Fuel Industries 
with Metallurgy, The University, Leeds, England)—I 
am interested in the heat treatment given to the alloys 
in order to establish equilibrium at the various tem- 
peratures, The process, in the case of the a-s alloys, 
seems to be the tempering of the quenched » phase 
An alternative method is to anneal the specimens at a 
high temperature, say 800°C, for a short time and to 
follow this by slowly cooling to the temperature at 
which it is desired to achieve equilibrium. The speci- 
mens can then be annealed at this temperature for a 
suitable length of time. This procedure would result 
in the formation of a large grain size and a coarse pre- 
cipitate. If a sufficiently long traverse is made, extra 
sources of error are not introduced and errors due to 
the lack of sharpness of the grain boundaries are min- 


Alexander presiding 


imized. Perhaps the authors can express their opinion 
on the relative merits of the two approaches to equilib- 
rium 

A short time ago I applied the point-counting 


method, described by Howard and Cohen* to the study 
of isothermal transformations in eutectoid aluminum 
bronzes The results showed that equilibrium be- 
tween the proeutectoid constituents and the » phase 
was achieved in a few hours in the temperature range 
450° to 560°C. There were indications that below this 
temperature range the time required to achieve equi- 
librium increased rapidly. The systems Cu-Al and Cu- 
Zn are analogous in many ways. It is probable that the 
rates of approach to equilibrium in both systems under 
similar conditions will be of the same order of mag- 
nitude. Have the authors decided upon the annealing 
times arbitrarily or has some measure of the rate of 
approach to equilibrium been made? 

The authors give no measure of the accuracy of their 
A value for the standard de- 
a measure of the variation 


metallographic results 
viation of the results (i.e., 
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of the “count” in different fields of the specimen) 
would be of interest. 

L. H. Beck and C. S. Smith (authors’ reply)—The 
annealing conditions were arbitrarily selected on the 
basis of long experience with the behavior of the alloys 
in question. The quenching and reheating procedure 
was adopted in order to give relatively fine particles 
of the second phase within the » matrix so as to give 
small diffusion distances and a rapid approach to 
equilibrium. This has to be balanced against the con- 
flicting requirement for larger particles on which 
greater accuracy of measurement is possible. That 
equilibrium was indeed achieved was shown by meas- 
urements on specimens annealed for half the times 
quoted which gave substantially the same results 
Probably even shorter times would have been satis- 
factory, but the determination of this would have in- 
volved the expenditure of more personal effort in ex- 
change for shorter furnace times 

No detailed statistical study was made. The meas- 
urements on the two halves of each specimen differed 
by an amount that rarely exceeded 1.5 pct of the total 
area, including all errors, and the average of the two 
was reported in the paper. Five successive measure- 
ments of the area of s phase in a single specimen of 
coarse anisotropic structure of the worst possible geom- 
etry were 13.7, 14.24, 14.51, 14.35, and 14.17 pct », re- 
spectively. The individual traverses on such samples 
showed considerable differences, but the average of all 
18 was fairly reproducible. On the above sumple—the 
‘worst sample studied—the standard deviations for sin- 
gle traverses amounted to 2.7, 1.9, and 2.4 pet when 
measured by 18 traverses in each of three different di- 
rections. Much of this deviation results from segrega- 
tion and anisotropy and is much less in uniform struc- 
tures. It would be desirable to make more extensive 
statistical studies of the data 


“ R. Haynes: Ph.D. Thesis, University of Sheffield, England ‘Sep- 
tember 1951) 
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